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ABSTRACT
INTERCONNECTED AGGREGATES IN PRECISE SINGLE-ION CONDUCTING
POLYMERS AS PATHWAYS FOR ION AND PROTON TRANSPORT
Benjamin Anton Paren
Karen I. Winey

As society transitions to carbon neutral technologies there is a continual need for
the development of energy storage technologies such as batteries and fuel cells. Single-ion
conducting solid polymer electrolytes present an opportunity to improve the safety and
performance of batteries, and new membrane chemistries may reduce the cost of proton
exchange membranes for hydrogen fuel cells. This thesis focuses on correlating nanoscale
morphology with ion and proton transport, which is critical for developing design rules for
highly conductive solid polymer electrolytes.
Modifying the polarity, along with the size and flexibility of the functional groups
in polystyrene trisaminocyclopropenium-based polymerized ionic liquids significantly
changes the glass transition temperature and ion transport properties. The geometry of the
functional groups tethered to the backbone has a much larger effect on conductivity than
the size of the group itself.
Single-cation conducting polymers with a polyethylene backbone and a
phenylsulfonic acid group precisely spaced every 5th carbon are synthesized by a ringopening metathesis polymerization and self-assemble into percolated ionic aggregates.
These aggregates are continuous pathways for the transport of metal cations Li+, Na+, and
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Cs+. Ion transport is decoupled from the polymer backbone, which is glassy even at high
temperatures.
Sulfonated monodisperse telechelic polyethylene ionomers, with a backbone length
of 48 carbon atoms, also contain pathways that facilitate the decoupled transport of metal
cations, though through layered ionic aggregates. When the polyethylene backbone is
hexagonally packed, there is a low activation energy for cation transport along the
aggregate, demonstrating the promising ability of ionic layers to facilitate ion transport in
crystalline polymers. Telechelic polyethylenes end-functionalized with phosphonic acid
also self-assemble into a layered aggregate morphology to transport protons in anhydrous
conditions, with potential applications as an electrolyte for a fuel cell.
The percolated aggregates in the sulfophenylated polyethylenes with a functional
group spaced precisely every 5th carbon also nanophase separate when the mobile
counterion is a proton. Percolated hydrophilic channels swell with water and facilitate the
rapid transport of protons, demonstrating the potential of these precise hydrocarbon-based
polymers as processible and effective proton exchange membranes.
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CHAPTER 1.

INTRODUCTION

1.1. Motivation: Improving Polymer Electrolytes for Energy Storage Systems
As we approach the green energy transition to renewable energy, an often
overlooked, yet critical component of this transition is the need for electrochemical energy
storage. Wind and solar photovoltaic (PV) power, two rapidly growing areas of renewable
energy, both produce energy intermittently, and if the energy is not stored, it must be used
as it is generated. This is not as problematic currently, as worldwide solar PV and wind
power in 2018 only accounted for a small portion of all electricity generated, approximately
2% and 5%, respectively.1 However, solar PV and wind power are experiencing
exponential growth, and are expected to account for 60% and 30%, respectively, of all new
installed electricity generation capacity globally by 2025.2 As the share of energy
generation from these intermittent sources increases, energy storage becomes critical to
ensure control of energy distribution and use. Two growing areas of electrochemical energy
storage are Li-ion batteries, and hydrogen fuel cells (Figure 1.1). Over the past several
decades, lithium-ion batteries have become an integral part of society in portable
electronics, electric vehicles, and more recently in distributed energy storage. While
hydrogen fuel cell usage may not be as widespread, they have also been in use for decades.
There is a continual need for development with both of these technologies to improve
safety and performance and reduce costs. A critical component of batteries and hydrogen
fuel cells is the electrolyte, which facilitates the transfer of charge between electrodes
during the energy storage or conversion process.
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Figure 1.1. Simplified schematics of (a) a Li-ion battery (discharging) and (b) a PEM fuel
cell.

In Li-ion batteries, the Li+ ion passes between the anode and cathode through an
electrolyte medium. The electrolyte of the battery is critical for long-term performance,
and must have good electrochemical stability and favorable interaction with the electrodes,
and be able to operate at a variety of temperatures.3–6 Most commercial battery electrolytes
contain a lithium salt such as lithium bis(trifluoromethanesulfonyl)imide (LiTFSI) in an
organic solvent with a separator, because of their high ionic conductivity. However,
performance and safety concerns regarding these liquid electrolytes, due to a variety of
reasons including flammable solvents, lithium dendrite growth, and risk of explosion, in
addition to the need of higher density batteries, has led to the investigation of alternatives
such as solid polymer electrolytes (SPEs).3–6
In hydrogen fuel cells, the electrolytes used are proton exchange membranes
(PEMs), a class of solid polymer electrolytes that conduct protons, one of the most common
of which is NafionTM. While Li-ion batteries will typically charge or discharge directly with
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electricity as a source, hydrogen fuel cells actually use H2 gas as a fuel and convert
chemical energy into electrical energy.7,8 At the anode, hydrogen gas is converted into
protons, which pass through the electrolyte and react with oxygen to form water. This
reaction is extremely efficient, which makes fuel cells attractive options as energy storage
systems. In proton exchange membrane fuel cells, the electrolyte is typically hydrated and
must be thermally and mechanically stable to act as a physical separator between the
electrodes and prevent gas leakage. While Nafion has been the industry standard for
decades in fuel cell membranes, its high cost and inability to operate at temperatures above
100 °C has led to interest in developing alternative proton exchange membranes.

1.2. Solid Polymer Electrolytes for Li-ion Batteries
SPEs are non-volatile, unlike liquid electrolytes, and can be more electrochemically
and mechanically stable than liquid electrolytes in lithium-ion batteries, allowing them to
act as a physical separator between the electrodes as well. A typical SPE consists of a
polymer matrix and lithium salt combination, such as LiTFSI in poly (ethylene oxide)
(PEO), Figure 1.2.9–12 PEO is used as an electrolyte above its melting point, because in the
amorphous phase the local relaxation and segmental motion of the polymer are sufficient
for high ion mobility. While variations in the polymer matrix and salt can enhance the
conductivity in these systems, the dominant mechanism of ion transport is coupling to
polymer segmental relaxation, or Vogel-Fulcher-Tamman (VFT) transport, and in standard
PEO-salt mixtures, the ionic conductivity, σDC, is ~10-4 S/cm at 65 °C.4 In PEO the Li+ ions
are solvated by the ether oxygens, and are associated with these oxygens as the polymer
moves. While SPEs have been a significant focus of research, their ion transport
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capabilities have not been enhanced sufficiently for large-scale commercial use.4
Furthermore, the best-performing PEO-based electrolytes often require volatile additives
to achieve commercial performance, which can lead to some of the same issues as in liquid
electrolytes.13,14

Figure 1.2. Illustrations of different electrolyte systems. (a) Liquid electrolytes consist of
a lithium salt (cation-blue, anion-green), mixed with a high dielectric solvent (purple). (b)
Traditional solid polymer electrolytes consist of a lithium salt (cation-blue, anion-green),
mixed with PEO (ether oxygens-red). (c) Single ion conducting polymers consist of one
ionic species (in this case, the green anion) covalently bonded to the polymer backbone,
with the other ionic species more mobile (in this case the blue cation).

Another disadvantage of polymer-salt mixtures is that they are dual-ion conductors,
and having mobile anions in addition to cations can lead to poor performance of Li-ion
batteries due to concentration polarization.15 To combat this issue, polymeric single-ion
conductors (SICs) have been developed which have the anion covalently bonded to the
polymer backbone, thus mobility of the cations far exceeds that of the anions.16 Typical
bonded anions are sulfonate (SO3–) or sulfonylimide (-SO2N(–)SO2-) because these are
readily accessible from a chemistry standpoint and can easily dissociate from Li+ and other
metal cations such as Na+ which is beneficial for ionic conductivity. A key characteristic
4

of these materials is a glass transition temperature (Tg) well below 0 °C to promote ion
mobility due to segmental relaxation of the polymer, and a high lithium transference
number of ~1 which means that the only conducting species is the lithium ion.
However, SICs are commonly used in blends with PEO, and still suffer from greatly
reduced ionic conductivity compared to commercial electrolytes.15,17,18 The best ion
transport properties in these polymers are achieved in the melt state or above the Tg. In this
regime the ion motion is typically coupled to the segmental motion of the polymer
backbone,17–20 and the ionic conductivity typically has a VFT dependence on temperature,
similar to the polymer-salt electrolytes. While operating above Tg is necessary for rapid
ion transport in SICs, conductivity is still reduced compared to that of traditional
electrolytes, and compromises the mechanical advantages of SICs. The mechanical
advantages of SICs occur below the Tg, when the ion transport is dominated by motion that
is decoupled from the immobile polymer backbone. This conductivity exhibits an
Arrhenius temperature dependence, where cations move from one anion to the next, due to
limited mobility of polymer chains.19,21 Figure 1.3 illustrates the ion motion in VFT and
Arrhenius transport. Both Arrhenius and VFT transport can occur simultaneously, though
at a given temperature one of them will likely dominate.
A transition from VFT to Arrhenius behavior is quite common in anion-conducting
polymerized ionic liquids (PILs), a class of single-ion conductors, with ionic liquid
moieties tethered to the polymer backbone.22–25 However, decoupled ion transport is also
found in several types of metal cation conductors, which would be utilized in batteries that
conduct alternative ions to Li.19,26–31 In the glassy regime in current SPEs that are
dominated by Arrhenius ion transport at typical operating temperatures, ionic conductivity
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is several orders of magnitude lower than in polymers that experience VFT transport at the
same conditions. This is because Arrhenius mobility is based purely on hopping between
ionic sites, which is much slower than ion transport coupled with the segmental dynamics
in a polymer at temperatures well above Tg. A key advantage of having an electrolyte
operating below the glass transition temperature is that the electrolyte can also act as a
physical barrier to prevent dendrite growth, which can cause failure in batteries. While
conductivity in the glassy regime is currently significantly lower than melt-state polymers,
decoupled transport presents an opportunity to access conductivity in safer, mechanically
robust SIC polymers. It is critical to understand the morphologies and ion transport
mechanisms of SICs to optimize their properties for decoupled ion transport.

Figure 1.3. Illustrations of ion transport via segmental motion (VFT) and decoupled
transport (Arrhenius) in a single-cation conducting polymer. While these transport
mechanisms are drawn independently for simplicity, both can occur simultaneously in a
polymer electrolyte.
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1.3. Nanostructured Solid Polymer Electrolytes
Controlling nanoscale morphology of functionalized polymers is critical for
exploring ion transport mechanisms in solid polymer electrolytes for Li-ion
batteries.9,10,16,20 Solid polymer electrolytes are often structured to have a conducting phase,
and a non-conducting phase which provides mechanical rigidity. Block copolymers
commonly follow this strategy with a PEO-type polymer as the conducting domain,
creating continuous pathways for ion transport. Many polystyrene (PS)-PEO diblock
copolymers systems have been reported, where the conducting phase is PEO with a Li-salt,
and the PS phase provides mechanical stability.32–38 Continuous conducting domains have
also been studied in single-ion conductors, which similarly may have a PEO block, but
which is solvated with ions from a Li+-neutralized SO3– group that is covalently attached
to the polymer backbone.39–41
Block copolymer electrolytes have been reported to assemble into a variety of
morphologies, where the conducting phase takes on the form of discrete aggregates,
hexagonal cylinders, lamella, continuous gyroid morphologies, and continuous disordered
aggregates, Figure 1.4.38,42–46 While layered or hexagonally packed phases may lead to
rapid transport in one direction when properly aligned, 3D continuous nanophases have the
advantage of isotropic transport throughout a polymer electrolyte.44,47
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Figure 1.4. Different block copolymer morphologies where the red region represents the
ion-conducting domain, and the non-conducting domain, surrounding these domains, is not
shown. The morphologies shown are (a) cubic micelles (discrete aggregates), (b) lamellae,
(c) hexagonally packed cylinders, and (d) a 3D gyroid. Figure adopted from Cho and coworkers (2004).42

Nanophase separation can also occur in single-ion conductors without a PEO block
or additional additives. In this case, the conducting domain will consist just of the ions.
This self-assembly into ionic aggregates will typically form as a result of differences in
polarity between the ionic groups and the polymer backbone. Percolated or continuous
ionic nanophases have been found in simulations of PILs and other ion conducting
polymers.23,48–50 These aggregates may assist with ion transport by segregating the ions
from the polymer backbone and thus enhancing decoupling and providing continuous
pathways for ion transport. Certain aggregate morphologies may be favorable for
correlated chain-like ion jumps that can increase the total conductivity in solid polymer
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electrolytes.19,20 Sokolov and co-workers even propose that highly concentrated
nanochannels of ions may result in favorable ion-ion correlations, which cause charge
transport to occur faster than the diffusion of the mobile ions, similar to the behavior that
exists in some superionic glasses.19,20,51 This suggests that aggregates with long channel or
planar-like sections could enhance decoupled ion transport compared to disordered
aggregates that are present in typical amorphous single-ion conducting polymers.20 There
is much promise for SICs to form continuous aggregates that could behave as pathways for
decoupled charge transport, though new chemistries are needed to optimize the
combination of morphology, chemistry, and mechanical properties to reach comparable
performance to electrolytes that operate in the melt state.

1.4. Nanostructured Proton Exchange Membranes
While single-ion conducting polymer electrolytes for Li-ion batteries are not
sufficiently developed for commercial use, hydrogen fuel cells have been utilizing SICs as
proton exchange membranes for decades. These SICs are typically perfluorosulfonic acid
(PFSA) polymers, such as NafionTM, which have a fluorinated backbone and covalantly
bonded sulfonic acid groups that decorate the interface of a hydrated hydrophilic
domain.7,52 PFSA polymers exhibit excellent proton transport properties and compatibility
with existing fuel cell assemblies. 52,53
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Figure 1.5. Proton transport through proton exchange membranes. (a) Illustration of phase
separation in Nafion into hydrophilic and hydrophobic domains. (b) Vehicular transport of
protons as H3O+ in a hydrophilic channel. (c) Grotthuss mechanism, or “proton hopping”
between H2O molecules. (a) Adopted from Kreuer (2001)54 (b) and (c) adopted from
Peighambardoust and co-workers (2010).7

In Nafion and other PEMs, hydration of the membrane is utilized to enhance proton
mobility, in contrast to the electrolytes used in Li-ion batteries which must operate waterfree. The hydrophilic domains in PEMs swell with water to create channels that allow for
the rapid transport of water and protons (Figure 1.5). Protons associate with the water to
form complexes such as H3O+, and travel by a diffusive vehicular motion. At the highest
water contents, the Grotthuss mechanism is a dominant form of proton conductivity, in
which protons move between H2O and H3O+ molecules.7,8,52,55,56
A key challenges with PFSA membranes is that the fluorine in the backbone leads
to expensive synthesis methods and their performance is reduced at high temperatures or
extreme operating conditions.52,57 Hydrocarbon-based PEMs are a promising area to
address both of these issues, because they typically have phenyl groups in the backbone
10

for increased thermal stability and mechanical rigidity, and are often synthesized by
scalable chemistries that are not too costly.8 However, the proton transport properties of
many hydrocarbon-based PEM have not yet matched those of PFSA membranes. This is
largely attributed to the limitations in nanophase separation and requires further
investigation into improving these properties in hydrocarbon-based polymers.
Having continuous, hydrated nanoscale aggregates is critical for rapid conductivity
in proton exchange membranes. This hydrophilic-hydrophobic nanophase separation in
proton exchange membranes is a key driver for proton transport. Nanoscale channels that
have a high charge concentration, low tortuosity, and sufficiently swell with water,
contribute to the continuous pathway that promotes proton conductivity in PEMs.7,8 Any
obstacle to the diffusion of water or protons, including isolated acid clusters, dead ends,
and bottlenecks or narrow channels, can reduce the proton conductivity in the polymers
(Figure 1.6). Thus, polymers that can self-assemble into nanophase separated domains are
necessary for accessing high proton conductivity. Hydrocarbon-based PEMs have been
reported to have weaker nanophase separation than PFSA membranes, which leads to lower
proton transport.8,55,58,59 Recent efforts to optimize the properties of hydrocarbon-based
PEMs include creating polymer blends, forming nanocomposites, utilizing block
copolymers, and using alternative chemistries.8 However, there is still much work to be
done to develop a hydrocarbon based-PEM that truly matches PFSA membranes in
performance.
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Figure 1.6. Illustration of efficient and inefficient pathways in a proton exchange
membrane.

1.5. Precise Polyethylenes to Facilitate Ion and Proton Transport
Polyethylene (PE) based materials are attractive as SPEs and PEMs due to their
chemical stability, ability to self-assemble into nanoscale morphologies, and
functionalizability with various acid or ion conducting groups.60–69 More specifically,
polyethylenes with functional groups spaced precisely along the carbon backbone have
demonstrated the ability to form ionic aggregates with unique morphologies, including
disordered clusters and percolated aggregates, cubically-packed aggregates, and
layers.65,70–72. Furthermore, precise chemistries are extremely advantageous for the
morphological characterization and molecular dynamics simulations necessary to reveal
these nanoscale structures. Many of these precise polyethylenes were initially synthesized
by acyclic diene metathesis (ADMET),73,74 developed by Wagener and co-workers.
The assembly of interconnected aggregates in these precise polyethylenes, such as
disordered percolated aggregates, as well as layers, have demonstrated the ability to
promote transport of ions and protons. Work by Winey and co-workers demonstrated the
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formation of stringy percolated aggregates in a set of poly(ethylene-co-acrylic acid)
ionomers containing

precisely-spaced

carboxylic groups

using

atomistic MD

simulations.66,75–77 These ionomers are designated as pnAA-y%X, where p is for precise
spacing, n = 9, 15, 21 is the number of carbons between carboxylic groups along the
backbone, AA is for acrylic (carboxylic) acid, and y is the percent neutralization of
monovalent cation X. In all atom MD simulations, in the polymers fully-neutralized with
Li+, or pnAA-100%Li, as well as coarse-grained (MD) simulations of similar systems, ions
were found to move along the percolated ionic aggregates and appeared to be decoupled
from the polymer backbone (Figure 1.7).78–80 Thus percolated aggregates have been found
to be critical for enhanced decoupled ion transport compared to polymers with isolated
aggregates, where transport occurs predominantly by clusters merging and breaking up.80,81

Figure 1.7. Schematic of p9AA-Li and snapshot of percolated aggregates of p9AA100%Li evolving over time. Li is yellow, O is red, and select Li are colored blue and cyan.
The polymer backbone is not visible. Adapted from Frischknecht and co-workers (2019).78

Precise polyethylenes have also demonstrated layered morphologies for proton and
ion transport. Recent work by Trigg et al.67 has illustrated the profound impact of the
organization of acid groups in semi-crystalline precise polymers to facilitate proton
13

transport, for use in proton exchange membranes. This precise polymer, p21SA, has a
polyethylene backbone with a sulfonic acid group spaced precisely every 21st carbon, and
exhibits hairpin chain folding. In p21SA, isotropic layers of SO3H swell with added water
to have high proton conductivity at high relative humidity, Figure 1.8.

Figure 1.8. Chemical structure and schematic rendering of hydrated p21SA. Adopted from
Trigg and co-workers (2018).67

The layered structure has less tortuous channels than in amorphous proton exchange
membranes, and demonstrates the excellent nanophase separation of this precise polymer
compared to other hydrocarbon-based PEMs with disordered aggregates.8,55,58,59,82 Such
layered structures may also have similar benefit of enhanced ion transport in anhydrous
single-ion conducting polymer electrolytes for conducting metal cations such as Li+ or Na+.
However, the ADMET chemistry used in the synthesis of p21SA and the precise
polyethylene carboxylates is an arduous polycondensation reaction that has not yet been
scaled beyond a 1g scale, so there is interest in precise polymers synthesized by more
scalable methods.28,65,67,73,78
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There have been recent developments in synthetic routes for precise materials using
alternative chemistries to ADMET. Telechelic polyethylenes, which are short endfunctionalized polyethylene chains, present an opportunity to access layered morphologies
with a crystalline polymer backbone.83–86 Precise telechelic polyethylenes functionalized
with metal carboxylates, and derived from plant oils, have demonstrated the decoupled
transport of metal cations within ionic layers.86 While there was still much improvement
necessary to enhance the conductivity of these materials, the ability to design layer-forming
materials with a chemistry more scalable than ADMET will access the potential of these
polymers. This telechelic chemistry could be used with additional functional groups as
cation conductors and proton conductors.
Additional synthetic approaches for precise polyethylene-like materials have also
been recently developed. A step growth polymerization was used by Mecking, Winey, and
co-workers to create polyethylene materials with a sulfonated ester group precisely spaced
along the backbone. Neutralized with different cations, these polymers self-assemble into
3D gyroid and layered morphologies, and demonstrate promise as single-ion
conductors.70,72 Ring opening polymerization chemistry also presents an opportunity for
precise polyethylenes, as was recently demonstrated by the development of a phenylated
polypentenamer from Kennemur and co-workers.87 This polymer has a functional group
on precisely every fifth carbon and opens the door to a number of possibilities for
functional groups for ion and proton transport. Exploring these new synthetic routes in
precise polymers is key to developing polymer electrolytes with continuous ionic networks,
to promote cation and proton transport.
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1.6. Outline of Thesis
This thesis studies ion and proton transport properties and their dependence on
morphology in single-ion conducting solid polymer electrolytes. The polymers
investigated were synthesized by three synthetic chemistry partners and are summarized in
Figure 1.9. These polymers are anion-conducting polymerized ionic liquids (Prof. Luis
Campos at Columbia University), cation and proton-conducting precise sulfophenylated
polyethylenes (Prof. Justin Kennemur at Florida State University), and precise telechelic
polyethylenes for cation and proton transport (Prof. Stefan Mecking at the University of
Konstanz). Several in situ characterization techniques are used to evaluate the properties,
including X-ray scattering to investigate nanoscale morphologies and electrochemical
impedance spectroscopy (EIS) to determine ion or proton conductivity. These techniques
are primarily utilized in anhydrous conditions as a function of temperature to reflect the
operating conditions of a solid polymer electrolyte. However, both X-ray scattering and
EIS are also performed in a controlled humid environment for hydrated proton transport
studies. The studies of precise sulfophenylated polyethylenes we also performed in
collaboration with Dr. Amalie Frischknecht, Dr. Mark Stevens, and Dr. Bryce Thurston,
who used atomistic molecular dynamics (MD) simulations to complement the experiments.
This thesis begins by investigating decoupled ion transport in polymerized ionic liquids,
then transitions to the study of ion and proton transport in the variety of precise
polyethylenes.
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Figure 1.9. Overview of the polymers investigated in this thesis, including the chemical
structure and mobile ion(s). Polymers for Chapter 2 were provided by Prof. Luis Campos
at Columbia University. Polymers for Chapter 3 and Chapter 6 were provided by Prof.
Justin Kennemur at Florida State University. Polymers for Chapter 4 and Chapter 5 were
provided by Prof. Stefan Mecking at the University of Konstanz.

Chapter 2 investigates the ion transport and morphology in seven cationic polymers
based on tris(dialkyl)aminocyclopropenium ions tethered onto polystyrene (PS-TAC) and
a Cl– counterions. To investigate how the geometry, chemistry, and polarity of pendant
groups impact single-ion transport and physical properties, the substituents on TAC were
varied. Modifying the polarity, along with the size and flexibility of the pendant groups on
TAC significantly changes the glass transition temperature. Ionic conductivity of the PSTAC with compact and bulky moieties is 1-2 orders of magnitude higher than the polymers
with branched functional groups at their glass transition temperature, Tg. Decreasing the
size of the substituents correlates with increasing ionic conductivity in the polymers with
17

non-polar functional groups. However, it is the geometry of the functional groups on the
cation (isopropyl, ring, or linear) in PS-TAC that has a much larger effect on conductivity
than the size of the group itself. Mimicking the transport properties of ionic liquids using
polymers imbued with mechanical stability is essential for the development of robust, nonvolatile electrolytes for batteries and fuel cells. Changing the nature of the pendant groups
in this tunable PS-TAC system advances the development of soft materials design rules for
selecting solid ion supports. The content of this chapter was published in Polymer
Chemistry in 2019.88
Chapter 3 examines a set of precise single-ion conducting (SIC) polymers that form
self-assembled percolated ionic aggregates in glassy polymer matrices and have decoupled
transport of metal cations. These precise SICs were synthesized by ring-opening metathesis
polymerization (ROMP), a method currently employed commercially, and consist of a
polyethylene backbone with a sulfonated phenyl group pendant on every 5th carbon and are
fully neutralized by a counterion X+ (Li+, Na+, or Cs+). Experimental X-ray scattering
measurements and fully atomistic molecular dynamics (MD) simulations are in good
agreement. The MD simulations show that the ionic groups nanophase separate from the
polymer backbone to form percolating ionic aggregates. Using graph theory, it is found
that within the Li+- and Na+-neutralized polymers the percolated aggregates exhibit planar
and ribbon-like configurations at intermediate length scales, while the percolated
aggregates within the Cs+-neutralized polymers are more isotropic. Electrochemical
impedance spectroscopy measurements show that the ionic conductivities exhibit
Arrhenius behavior, with conductivities of 10-7 to 10-6 S/cm at 180 °C. In the MD
simulations, the cations move between sulfonate groups within the percolated aggregates,
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larger ions travel further, and overall cations travel further than the polymer backbones,
indicating a decoupled ion transport mechanism. Thus, the percolated ionic aggregates in
these polymers can serve as pathways to facilitate decoupled ion motion through a glassy
polymer matrix. The content of this chapter was published in Macromolecules in 2020.89
Chapter 4 investigates a set of sulfonated telechelic polyethylene ionomers that
demonstrate ion transport of metal cations in layered ionic aggregates, in contrast to the
percolated aggregates in Chapter 3. These semicrystalline ionomers have precisely 48
backbone carbons with two sulfonated end groups and are fully neutralized by a counterion,
C48(SO3X)2 (X=Li+ or Na+). These telechelic polyethylenes exhibit well-defined ionic
layers at all temperatures, while the packing of the backbone varies with temperature. The
polyethylene backbone packs in hexagonal crystals at high temperatures in both the Li+and Na+- containing systems, with Arrhenius activation energies (Ea) for ion transport of
120 and 53 kJ/mol, respectively, indicating decoupled ion transport through the layers. The
Ea in the hexagonal regime is significantly lower than Ea in the room temperature backbone
morphologies of these polymers, orthorhombic in C48(SO3Na)2, and disordered crystals in
C48(SO3Li)2. In C48(SO3Na)2, the hexagonal backbone coexists with an unidentified crystal
phase, which appears to have superior ion transport properties, between 120 - 160 °C. The
low Ea of 53 kJ/mol in the hexagonal regime of C48(SO3Na)2 is a promising sign for the
ability of ionic layers to facilitate ion transport in crystalline polymers, for potential
application in solid polymer electrolytes. The content of this chapter is currently being
prepared for submission to a peer-reviewed journal.
Chapter 5 explores a similar set of telechelic polyethylenes as Chapter 4, though
now functionalized with phosphonic acid groups, for application as anhydrous proton
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conductors at elevated operating temperatures. The straightforward synthesis of
phosphonic acid-terminated, long-chain aliphatic materials with precisely 26 and 48 carbon
atoms (C26PA2 and C48PA2) is reported. These materials combine the structuring ability of
the monodisperse polyethylenes with the ability of phosphonic acid groups to form strong
hydrogen bonding networks. Anhydride formation is absent, so that charge carrier loss by
a condensation reaction is avoided at elevated temperatures. Below the melting
temperature, both materials exhibit a layered morphology with planar phosphonic acid
aggregates separated by 29 Å and 55 Å for C26PA2 and C48PA2, respectively. Above Tm,
the amorphous polyethylene (PE) segments coexists with the layered aggregates. This
phenomenon is especially pronounced for the C26PA2, leading to a thermotropic liquid
crystalline phase. Under these conditions, an extraordinarily high correlation length (940
Å) along the layer normal is observed, demonstrating the strength of the hydrogen bond
network formed by the phosphonic acid groups. The proton conductivity in both materials
in the absence of water is approximately 10-4 S/cm at 150 °C. These new precise
phosphonic acid-based materials illustrate the importance of controlling the chemistry to
form self-assembled nanoscale aggregates that facilitate rapid proton conductivity. The
content of this chapter is currently being prepared for submission to a peer-reviewed
journal.
Chapter 6 focuses on the same base material as Chapter 3, p5PhSA, but this study
investigates the proton conducting properties of this precise acid functionalized polymer,
due to interest in the development of fluorine-free materials for proton exchange
membranes. p5PhSA is a precision polyethylene with phenylsulfonic acid branches at
every 5th carbon and a high ion-exchange capacity (4.2 mmol/g). The polymers self-
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assemble into hydrophilic and hydrophobic co-continuous nanoscale domains. In the
hydrated state, the hydrophilic domain, comprised of the polar sulfonic acid moieties,
serves as a pathway for rapid proton conductivity. The morphology and proton transport of
p5PhSA are evaluated under hydrated conditions using in situ X-ray scattering and
electrochemical impedance spectroscopy techniques. At 40 °C and 95% relative humidity,
the proton conductivity of p5PhSA is 0.28 S/cm, which is greater than Nafion™ 117 under
the same conditions. Atomistic molecular dynamics (MD) simulations are used to elucidate
the structure and characterize the water dynamics. The MD simulations show strong
nanophase separation between the percolated hydrophilic and hydrophobic domains over
a wide range of water contents. These percolated hydrophilic channels facilitate the rapid
proton transport in p5PhSA and demonstrate the potential of precise hydrocarbon-based
polymers as processible and effective proton exchange membranes. The content of this
chapter was recently submitted for publication and is under review.
This thesis studies a variety of single-ion and proton conducting polymers and
demonstrates the ability of percolated or layered aggregates to serve as pathways for
decoupled ion and proton transport. This is critical for designing polymers that can operate
as solid polymer electrolytes in the glassy or crystalline regime, and developing
hydrocarbon-based proton exchange membranes that can operate efficiently in the hydrated
state, or under high temperatures in anhydrous conditions.
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CHAPTER 2.

IMPACT OF BUILDING BLOCK STRUCTURE ON

ION TRANSPORT IN CYCLOPROPENIUM-BASED
POLYMERIZED IONIC LIQUIDS

Content in this chapter was published in 2019 in Polymer Chemistry, 10, 2832-2839, with
authors Benjamin A. Paren, Ramya Raghunathan, Isaac J. Knudson, Jessica L. Freyer, Luis
M. Campos, and Karen I. Winey.

2.1. Introduction
Ionic liquids (ILs) have been used for decades as a standard in state-of-the-art
batteries, but have a number of drawbacks, including electrochemical instability, volatility,
and poor transference number.1,2 Some of these issues may be minimized with solid
polymer electrolytes (SPEs), especially with single-ion conductors.3,4 However, there are
challenges with SPEs, particularly reaching the high ion transport levels of traditional ionic
liquids. Polymerized ionic liquids (PILs) are a class of SPEs that are being explored as
promising polymer electrolytes as a result of not needing additional salt solutions to be
added as compared to conventional poly (ethylene oxide) based SPEs.2 Optimizing the
electrochemical benefits of ILs with the enhanced mechanical stability of a polymer
backbone has the potential to create a mechanically robust, non-volatile electrolyte for
batteries or fuel cells.5–7
A large body of work has been reported on imidazolium-based PILs, with varying
degrees of pendant lengths and anionic groups.8–19 Recent work has examined how
changing the counterion in a polymer containing a tris(dialkyl)aminocyclopropenium
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cation tethered to a polystyrene backbone (PS-TAC) affected the ion conductivity as well
as structure of the polymer.20 That study illustrated that the Cl– counterion system has the
highest conductivity at the glass transition temperature, Tg, of all the counterions examined,
in part due to its small size. The cationic PS-TAC system is tunable and can be modified
with different functional groups. This study investigates how changing the functional group
chemistry affects the ion transport and morphology in PS-TAC polymers with a Cl–
counterion. Correlating these properties in these anion-conducting systems establishes a
fundamental understanding of how the PS-TAC cation affects the ion motion, and this is a
critical step in developing design parameters for PILs that may serve as polyelectrolytes.
In order to investigate the influence of the molecular structure of the building
blocks, we designed a series of polymers shown in Figure 2.1, having functional groups
that mainly vary in degree of branching (PS-TAC[EtOMe], PS-TAC[Bu]) and bulkiness
(PS-TAC[iP], PS-TAC[Mo], PS-TAC[Pip], PS-TAC[DiMePip], PS-TAC[CyHex]). We
postulate that subtle changes in the molecular structure will impact the mesoscale, and
importantly, bulk thermal and ion transport properties.

Figure 2.1. Chemical structures of the [PS-TAC][Cl] systems.
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2.2. Experimental
Materials. A family of [PS-TAC][Cl] polymers was prepared by a post
polymerization functionalization method, reported in the literature21–23 starting from
commercially available vinyl benzyl chloride (see Figure A.1 for reaction schematics).
Vinyl benzyl chloride on reacting with methyl amine at 45 °C results in vinyl benzyl methyl
amine, followed by protection with the tert-butyloxycarbonyl (BOC) group. The BOCprotected monomer was polymerized by atom transfer radical polymerization (ATRP).24
This is followed by BOC-deprotection to unveil the secondary amine, which is
subsequently reacted with the functionalized cyclopropenium chloride derivative23 to result
in library of PS-TAC.
The polymers used in this study are shown in Figure 2.1. There are five [PSTAC][Cl] polymers that vary with steric hindrance from the size of the functional groups:
isopropyl (iP), and four ring-containing groups, morpholine (Mo), piperidine (Pip),
dimethyl piperidine (DiMePip), cyclohexyl (CyHex). The other two PS-TAC polymers are
short-branched and flexible: ethyl oxide methyl (EtOMe), and butyl (Bu). The 1H NMR
spectra of these polymers is found in the Appendix A, Figures A.2-A.8.
Sample Preparation. Samples were prepared from 10-15 wt% of as-received
polymer dissolved in acetone (EtOMe, Bu) or methanol (Mo, Pip, DiMePip, CyHex).
Solutions were then drop cast onto Teflon or steel electrodes, and left for the solvent to
evaporate in air for several hours. The films were then vacuum annealed at 120 – 150°C
(depending on glass transition temperature) for 12 – 24 hours.
Temperature Modulated Differential Scanning Calorimetry (TMDSC). For all
of the [PS-TAC][Cl] systems, 4 – 10 mg of as-annealed polymer film was kept sealed in a
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DSC pan for testing in a TA instruments QA 1000 differential scanning calorimeter.
Samples were heated at 10 °C/min to 150 °C (170°C for Mo), and cooled to 20 °C (0 °C
for EtOMe) at 5 °C/min, using a modulation rate of +/-1 °C/min . This cycle was repeated
at least twice for each sample, and the second cooling was used to determine glass transition
temperature (Tg). Heat flow plots for each of these polymers are found in Figure A.9.
X-ray Scattering. Multi-angle X-ray scattering was used to determine morphology
and ion correlation distances of the [PS-TAC][Cl] films. Copper Kα X-rays (λ = 1.54 Å)
were generated by a Nonius FR591 rotating anode source operated at 45 kV and 60 mA.
2D scattering patterns were collected with a Bruker Hi-Star multi-wire area detector at a
sample to detector distance of 11 cm (wave vector range q = 1 – 16nm-1). Raw 2-D
scattering data was collected for 90 minutes per sample, then was azimuthally integrated
into 1-D patterns for analysis.
Electrochemical Impedance Spectroscopy (EIS). As-cast [PS-TAC][Cl] films
were placed on a steel electrode and heated to 20 °C above Tg (EtOMe, Bu), then a top
electrode was pressed down onto the polymer, with 100 µm silicon separators. For Pip,
DiMePip, CyHex, and Mo, films were cast directly onto stainless steel electrodes, and the
solvent allowed to evaporate at room temperature, with 50 – 100 µm spacers. The sandwich
of polymer between electrodes was placed into a cryostat, and equilibrated under vacuum
at 400 K (EtOMe, Bu) or 430 K (Mo, Pip, DiMePip, CyHex) for 12 hours, to ensure any
remaining solvent was removed, and maximum wetting of the polymer with the electrode
interface. The measurements were performed using Solartron Modulab XM materials test
system in the frequency window 10-1 – 106 Hz under an applied 0.5 V. The polymers were
measured every 5 °C, upon cooling, with the initial temperature varying depending on the
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polymer, dwelling for 20 minutes at each temperature before measurement to let the
polymer equilibrate. Measurements on some systems were also conducted upon heating to
ensure reversibility of the polymer systems.
Impedance spectra were fit with an equivalent circuit model (a parallel combination
of a resistor and a constant phase element in series with the high-frequency resistance) to
determine the through-plane high-frequency resistance R, which is used to calculate the
𝐿

through-plane conductivity, 𝜎𝐷𝐶 = 𝐴∗𝑅, where L is film thickness and A is the cross
sectional area. A representation of impedance data is shown in Figure A.10.

2.3. Results and Discussion
Differential Scanning Calorimetry. Temperature modulated differential scanning
calorimetry was used to characterize the glass transition temperature of these polymers.
Changing the cation in the system results in a range of glass transition temperatures from
303 K to 413 K depending on the chemistry (Table 2.1, heat flow plotted in Figure A.5).
In previous work on polymerized ionic liquids, where the counterion is modified, glass
transition temperature often decreases with increasing the size of the cation pair.14
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Table 2.1. Van der Waals volume and glass transition temperature of different (PSTAC)(Cl) polymers.
Functional
Group

VvdW (nm3)

DvdW (nm)

Tg (K)

Tg (°C)

iP

0.33

0.85

356

83

Mo

0.25

0.78

413

140

Pip

0.27

0.80

374

101

DiMePip

0.34

0.86

397

124

CyHex

0.48

0.97

401

128

EtOMe

0.36

0.88

303

30

Bu

0.39

0.91

318
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In the [PS-TAC][Cl] polymers, the glass transition temperature varies more with
the polarity: Mo, is the most polar and has the highest Tg; bulkiness: CyHex is the bulkiest
and has the highest Tg of the non-polar units; and branching: both EtOMe and Bu render
flexibility onto the sidechains (Figure 2.2). By plotting the van der Waals Volume (VvdW)
of the different TAC groups as a function of Tg (with VvdW calculated as a sum of atomic
and bond contributions), it is clear that the size does not directly impact the thermal
properties (see Table 2.1 for sizes and Figure 2.2 for thermal properties).25,26
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Figure 2.2. Glass transition temperature vs. VvdW of the PS-TAC polymers. The systems
are separated into isopropyl (●), ring-based (▲), and linear (■) functional groups. Data for
iP from Griffin and co-workers (2018).20

The [PS-TAC][Cl] systems with linear functional groups (EtOMe and Bu) have the
lowest Tg (30 – 45 °C), due to their flexible nature. Interestingly, the similarity of these
branches to polyethylene and poly (ethylene oxide), which have much lower Tg than a rigid
polymer like polystyrene,27,28 could explain the dramatic difference in Tg from the ringbased PILs. The steric hindrance caused by the rigid, bulky functional groups in Mo, Pip,
DiMePip, and CyHex [PS-TAC][Cl] result in the highest glass transition temperatures (101
– 140 °C). The oxygen atoms in the Mo groups result in stronger dipolar interactions in
Mo than Pip, leading to the difference in Tg of 40 °C between the two systems. Without
added polarity, the Tg of the ring-based PILs (Pip, DiMePip, and CyHex) increases with
VvdW, which is expected because larger functional groups would further limit mobility of
the polymer. The Tg of Pip is nearly identical to PS (~100 °C),29 perhaps a result of the fact
that it has two rings off of the TAC cation. The glass transition of the iP system lies in
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between the linear and ring-based [PS-TAC][Cl] (Tg = 83 °C), with the rotational freedom
of the isopropyl groups allowing for more mobility than the rigid heterocycles.
Morphology. Three main correlation peaks are present in room temperature X-ray
scattering data of the [PS-TAC][Cl] polymers (Figure 2.3). These peaks were fit to
Lorentzian functions to determine their positions, width, and intensity (Figure A.11). The
peak at ~7.5 nm-1, qi, represents the distance between neighboring cationic (or anionic)
groups.8,9,15,20,30–32 The correlation length associated with each peak, dx, is calculated using
the equation dx = 2π/qx. di, the distance between cationic groups, ranges from 0.71 nm (iP)
to 0.88 nm (CyHex) in the [PS-TAC][Cl] polymers.
In PILs, the polarity alternation between the polar functional groups and nonpolar
backbone leads to a nanophase separation. The low q peak in Figure 2.3a (~3 nm-1), qb, is
associated with this nanophase separation, and corresponds to the backbone-to-backbone
distance in the polymer melt. 8,9,20,30–32 The length-scale of this ordering is 2.04 – 2.98 nm
(Table A.1), which is a realistic backbone-backbone distance based on the polystyrene
backbone in [PS-TAC][Cl] and size of the cations. The intensity and breadth of this peak,
which are associated with the degree of nanophase separation, varies depending on the
functional group, with no clear trend. The combination of geometry, size, polarity, and
flexibility of the different functional groups may hinder polar-nonpolar structural
organization in some of the [PS-TAC][Cl] systems, affecting the characteristics of qb.
The correlation length qa, the amorphous halo, is generally attributed to the
interactions between pendant groups in PILs, but in this case is also attributed to smallscale interactions between the backbone polymer and cation-anion pairs.12,20 In all of the
[PS-TAC][Cl] systems, qa appears relatively unchanged with varying cation, and is nearly
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identical in value to neat polystyrene (qa = 13 nm-1). Several of the PILs exhibit a fourth
ordering peak, qo, at q~5 nm-1. The appearance and size of this peak is variable in the
polymers and has not yet been identified in this system, but is attributed to ordering of the
functional groups on the length scale of ~1.1 nm. The presence of ordering peaks beyond
qa, qi, and qb, has been demonstrated in other PIL systems in literature,33 but is not of
primary interest in this study because there is, no apparent correlation between the presence
of this peak and the ionic conductivity.
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Figure 2.3. (a) X-ray scattering patterns and fits of all the PS-TAC PILs. Data for iP from
Griffin and co-workers (2018).20 (b) Schematic representation of di and db.

The VvdW of Cl– is 5 – 10% of the size of the TAC cations investigated,20 so di must
be dominated by the cation size, with little impact from the anion. Furthermore, because
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the only variable changing between the different X-ray patterns is the chemistry of the
cation group, we interpret that the change in di is a direct result of the change in cation size.
This is supported by a comparison of the estimated van der Waals (DvdW) diameter to di of
each [PS-TAC][Cl] systems in Figure 2.4. The calculation of DvdW from VvdW is
D=(6V/π)1/3 and assumes a spherical geometry of the cation and no changes in the free
volume, which is a simplification for the anisotropic TAC cations. Although these
assumptions overestimate DvdW, there is a clear positive correlation between DvdW and di.
The ring-based functional groups most closely follow the trend of di=DvdW, and varying
behavior between types of functional groups may be due to differences in stacking and free
volume of the groups in the amorphous matrix.

Figure 2.4. Comparison of calculated VDW diameter with measured cation-cation
distance. The dashed line represents di=DvdW.

Ion Conductivity. Electrochemical impedance spectroscopy was used to determine
the ionic conductivity (σDC) of the [PS-TAC][Cl] polymers (Figure 2.5). Because the [PSTAC][Cl] systems are single ion-conductors, the ion transport is dominated by the anion.
Realistically, as the polymer moves, the tethered cation will contribute to the total ion
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transport, but it is expected to be orders of magnitude lower than the anion, and its
contribution is ignored in this analysis.
The ionic conductivities vary significantly between [PS-TAC][Cl] systems as a
function of 1/T, Figure 2.5a. The variation in conductivity between the PILs at a specific
temperature arises from the significant differences in Tg between the polymers. The
materials with lower Tg have the highest conductivity at a specific temperature, because
polymer dynamics are faster at the same temperature in lower Tg materials and the primary
mechanism for ion transport is coupled with segmental motion.

Figure 2.5. Plots of (a) DC conductivity versus inverse temperature and (b) DC
conductivity versus Tg/T for the [PS-TAC][Cl] polymers. Data for iP taken from Griffin
and co-workers (2018).20

Above Tg, Vogel-Fulcher-Tamman (VFT) behavior is observed in the conductivity,
most prominently in the systems with linear functional groups. A desirable property of a
mechanically robust electrolyte is high conductivity at and below the glass transition,
which is the region of greatest interest in this study. Figure 2.5b illustrates the temperature45

normalized conductivity, where the [PS-TAC][Cl] iP system has the highest conductivity,
~10-6 S/cm, at Tg. The ring-based cations have conductivity within an order of magnitude
below this. The linear functional group systems (Bu and EtOMe), exhibit conductivity of
~10-8 – 10-9 S/cm at Tg, significantly lower conductivity than the non-linear systems. All
of the systems exhibit Arrhenius behavior below Tg, suggesting the dominant mechanism
of transport to be Cl– ions hopping between cationic sites, as opposed to the VFT
mechanism of moving with segmental dynamics.34 VFT and Arrhenius fits of the data in
Figure 2.5 can be found in Appendix A (Figure A.12).

Figure 2.6. DC conductivity at Tg/T=1 vs. di at 298 K. The systems are separated into
isopropyl (●), ring-based (▲), and linear (■) functional groups. The highlighted region
represents the functional groups without added polarity or linear geometry (iP, Pip,
DiMePip, CyHex).

In literature, conductivity is frequently correlated with morphology in imidazolium
based PILs, with changing pendant group length and anionic group. 10,12,18,19 Recent work
illustrated that increasing pendant group length with the TFSI counterion results in an
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increased db and a reduced DC conductivity.12 We are investigating how changing the
cation affects conductivity not only as db changes, but also as di changes due to different
functional group chemistries in [PS-TAC][Cl]. The ion transport takes place when the Cl–
hops between cationic groups along the same polymer chain, with an average jump distance
di, as well as hopping between cationic groups on different chains, with an average jump
distance, db.25
The variation in the breadth and intensity of qb in Figure 2.3a, as well as the peak
positions, suggest no clear correlation between db and the ionic conductivity of the [PSTAC][Cl] polymers. This departure from literature, where increasing db results in lower
conductivity, is likely since db is changing as a function of cation geometry, size, and
polarity, in the PS-TAC systems as opposed to just the distance between the cations.
The [PS-TAC][Cl] polymers containing non-polar functional groups that strictly
vary in bulkiness ([small] iP < Pip < DiMePip < CyHex [large]) demonstrate a reduction
in conductivity as di increases (Figure 2.6). For ion diffusion through ion conductors in the
glassy state, the activation energy for ion hopping can be described by 𝐸𝑎 =

𝑎02 𝑣02 𝑚𝑖𝑜𝑛
2

,

where a0, v0, and mion are the jump distance, oscillation frequency, and mass of the anion,
−𝐸𝑎

respectively.25,26,33 Since 𝜎𝐷𝐶 = 𝜎0 𝑒 𝑅𝑇 in the Arrhenius regime, it is expected that the
conductivity would increase as the jump distance, in this case di, decreases, which is the
case with these [PS-TAC][Cl] systems. The activation energy for ion hopping of these
polymers is found in Table A.2.
The most significant impact on the conductivity is not the size of the functional
group, but rather the geometry and polarity of the cations, which may explain why Mo,
EtOMe, and Bu diverge from the trend exhibited by the other systems. iP (with isopropyl
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geometry) has the highest conductivity, and the ring-based PS-TACs are all 0.5 – 1 orders
of magnitude lower. The branching of the Bu and EtOMe functional groups may result in
reduced free volume compared to iP and the ring-based polymers when the chains are less
mobile below the glass transition temperature. The reduction in free volume could limit the
mobility of Cl–, leading to a conductivity at the glass transition temperature 1 – 2 orders of
magnitude lower than the isopropyl and ring geometries.
Furthermore, conductivity may also be reduced by added polarity to the functional
group, caused by the presence of oxygen that leads to stronger dipoles. These dipoles can
add to the energy barrier for hoping between cationic sites. This phenomenon is evident
between the Mo and Pip systems, in which Mo cations are closer together, but exhibit lower
conductivity than Pip. Similarly, the conductivity of EtOMe is half an order of magnitude
lower than Bu, even though EtOMe has closer cation centers, which could be a function of
geometry, but also of the dipoles introduced by the oxygen in the functional group.
The limited change in conductivity with the functional group chemistry in PS-TAC
could be a consequence of the cyclopropenium cation’s extreme bulkiness. This can hinder
the mobility of the polymer to rearrange itself in such a way to favor ion transport. Large
functional groups may block the ion from interacting with cationic charge centers. While
the charge itself is delocalized, functional groups that are too large may present physical
barriers for the anionic charge to dissociate from one cation and move to the next.
Although the presence and position of a backbone-backbone peak do not appear to
correlate with DC conductivity in the [PS-TAC][Cl] polymers, the report of this correlation
in the imidazolium bromide polymer system, as well as the existence of the correlation
with cation-cation distance with conductivity in the PS-TAC systems, suggest further ways
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to tune PIL systems. Whether that is by functionalizing the cationic groups in the
imidazolium bromide system or changing the pendant group length in the PS-TAC system,
there are endless possibilities to tune PILs that may result in higher conductivities with
mechanically stable polymer systems.

2.4. Conclusions
A set of [PS-TAC][Cl] polymerized ionic liquids with different functional groups
on the cation were synthesized via a post polymerization functionalization method. The
functional groups varied in size, polarity, and geometry. Solid polymer films were
produced from these PILs and characterized with differential scanning calorimetry, X-ray
scattering, and electrochemical impedance spectroscopy to examine the effects of
morphology and chemistry of the functional groups on ionic conductivity. The PILs
exhibited glass transition temperatures from 303 – 413 K depending on the functional
group, and all demonstrated decoupled ion transport below Tg. There was significant
variation in the morphology of the PILs, particularly regarding the degree of nanophase
ordering. The distance between cationic centers was dominated by the cation, due to the
large size difference with the chloride anion. There was a slight reduction in conductivity
with increasing cation size for the PS-TACs with nonpolar, non-linear functional groups,
but the most significant changes in conductivity were a result of geometry, with the linear
functional groups (Bu and EtOMe) having conductivity 1 – 2 orders of magnitude lower
than the other systems. Overall, we examined a variety of functional group geometries,
sizes, and polarities with the PS-TAC system, but the bulky TAC cation appeared to limit
the conductivity that could be reached in these polymers. Changing a number of variables
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in this tunable PS-TAC system provides insights toward developing fundamental design
rules for highly conductive polymer electrolytes based on PILs.
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CHAPTER 3.

PERCOLATED IONIC AGGREGATE

MORPHOLOGIES AND DECOUPLED ION TRANSPORT IN
PRECISE SULFONATED POLYMERS SYNTHESIZED BY RINGOPENING METATHESIS POLYMERIZATION

Content in this chapter was published in 2020 in Macromolecules, 53, 8960-8973, with
authors Benjamin A. Paren, Bryce A. Thurston, William J. Neary, Aaron Kendrick, Justin
G. Kennemur, Mark J. Stevens, Amalie L. Frischknecht, and Karen I. Winey.

3.1. Introduction
There is a continuing need for alternative battery electrolytes to make safer,
mechanically robust batteries, particularly for conducting metal cations such as Li+ and
Na+. Though conventional liquid electrolytes have high ionic conductivities, they have
various drawbacks, including electrochemical instability, volatility, and poor transference
number. These issues have led to interest in solid polymer electrolytes (SPEs), the most
common of which are based on salts dissolved in poly(ethylene oxide) (PEO).1–4 However,
conventional PEO electrolytes still have a number of limitations, and often require
additional salt solutions and additives to achieve commercial performance, which can lead
to some of the same issues as in liquid electrolytes.5,6
Polymeric single-ion conductors (SICs) have the potential to play a significant role
as electrolytes, because their properties can further minimize some of the challenges faced
by PEO-based SPEs. In particular, SICs typically have high ion transference numbers, as
one ion is covalently bonded to the polymer and, thus, considerably less mobile.7 However,
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SICs suffer from greatly reduced ionic conductivity compared to commercial
electrolytes.8,9 The best ion transport properties in these polymers occur in the melt state
above the glass transition temperature, Tg. Because the ion motion is usually coupled to the
segmental motion of the polymer backbone for temperatures above Tg,

8–11

the ionic

conductivity typically has a Vogel-Fulcher-Tammann (VFT) dependence on temperature.
Unfortunately, operating in the melt above Tg compromises the mechanical advantages of
SICs, and the conductivity is still reduced compared to that of traditional electrolytes. For
SICs below Tg, the ion transport is dominated by motion that is decoupled from the
immobile polymer backbone and shows an Arrhenius temperature dependence. This
decoupled transport presents an opportunity to access conductivity in glassy, more
mechanically robust SIC polymers. Decoupled ion transport is most commonly reported
experimentally in anion-conducting polymerized ionic liquids (PILs),12–15 but it has also
been found in several types of metal cation conductors, including single-cation conducting
PILs,10,16 nearly precise carboxylate polyethylene ionomers,17 and random sulfonate
copolymers.18–20 Without adding solvents, salts, or other polymers to increase ion
dissociation, systems with decoupled transport have significantly lower conductivity than
conventional liquid- or melt-state SPEs. Accessing faster ion transport in SICs in the glassy
regime is an important step toward designing mechanically robust and safer electrolytes
for batteries. Understanding the morphologies and ion transport mechanisms as a function
of polymer backbone and ion-conducting functional groups in SICs is critical to optimizing
their properties.
In SICs, the ions often nanophase separate from the polymer backbone to form ionic
aggregates due to the differences in polarity between the ionic groups and the rest of the
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polymer. These aggregates have been found experimentally to take a variety of symmetries,
including

disordered

clusters,

cubically-packed

aggregates,

hexagonally-packed

aggregates, and layers.21–24 Atomistic molecular dynamics (MD) simulations of a few SICs
have shown that the ions can form aggregates that percolate through the polymer matrix.
In our prior work, a set of poly(ethylene-co-acrylic acid) ionomers containing preciselyspaced carboxylic groups were shown in atomistic MD simulations to have long, stringy
aggregates that percolate through the system at high cation neutralization levels.25–28 These
ionomers are designated as pnAA-y%X, where p is for precise spacing, n = 9, 15, 21 is the
number of carbons between carboxylic groups along the backbone, AA is for acrylic
(carboxylic) acid, and y is the percent neutralization of monovalent cation X. The simulated
structure factors were found to be in good agreement with X-ray scattering, giving
confidence to the presence of percolated aggregates. Furthermore, MD simulations by
Forsyth demonstrated percolated ionic aggregates in a poly[(4-styrenesulfonyl)
(trifluoromethanesulfonyl) imide] (PSTFSI) polymer.29 Percolated or bicontinuous ionic
nanophases have also been found in simulations of PILs, and have been suggested to play
a key role in facilitating decoupled ion transport below the glass transition temperatures
(Tg) of the polymers.13,30
We hypothesize that percolated ionic aggregates may assist with ion transport by
segregating the ions from the polymer backbone and thus enhancing decoupling and
providing continuous pathways for ion transport. Sokolov and co-workers propose that the
formation of highly concentrated nanochannels of ions may lead to chain-like cooperative
ion motion resulting in favorable ion-ion correlations, which, in turn, lowers the activation
energy and causes charge transport to occur faster than the diffusion of the mobile ions,
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similar to the behavior that exists in some superionic glasses.10,11,31 Maranas and coworkers have demonstrated superionic transport in MD simulations of a PEO-based SIC,
where charge diffusion was found to be faster than diffusion of Na+ cations via long
aggregate pathways.32 The assembly of concentrated nanochannels may be key for
promoting decoupled ion transport through polymers in the glassy state. In our previous
atomistic MD simulations of pnAA-100%Li ionomer melts, the Li+ ions were found to
move along the percolated ionic aggregates and appeared to be decoupled from the polymer
backbone.33 We note that we could not measure nor calculate the conductivity of the pnAAy%Li ionomers due to slow ion dynamics expected for carboxylic acids, nor could the
percolated morphology be imaged experimentally, so the relations between morphology
and conductivity in ionomers and in SICs generally remain elusive. Coarse-grained (CG)
MD simulations of similar systems have shown that the ionic diffusivity and conductivity
are higher in ionomers with percolated aggregates than in those with isolated aggregates,
even at similar ion concentrations.34,35 This is due to the differing mechanisms for ion
transport in these two morphologies: in polymers with percolated aggregates, the ions move
within the aggregate, while in polymers with isolated aggregates ion transport occurs
primarily by the slower process of clusters merging and breaking-up.35,36
Another important factor in obtaining decoupled ion transport and high
conductivity is the degree of dissociation between the mobile cation and the anion which
is tethered to the polymer backbone.4,37 Greater dissociation can reduce the activation
energy for ion transport and significantly improve the ability of the mobile ion to move
between functional groups. The pnAA ionomers contain carboxylate functional groups,
which tend to yield poor ion transport due to the strong attraction between the acid group
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and counterion.38,39 This previous work leads to ideas for designing improved SICs. First,
SICs could lead to rapid, decoupled ion motion due to their ability to self-assemble into
continuous morphologies including layers and percolated aggregates, which could act as
highly concentrated local pathways for charge transport. Precise chemistries are extremely
advantageous for the morphological characterization and simulations necessary to reveal
these nanoscale structures. Second, using ionic groups that have weaker interactions with
the cation, such as sulfonate groups, may lead to improved ion transport compared to what
was realized in the pnAA ionomers. Third, practically speaking, a scalable synthesis is
desirable; the pnAA ionomers, as well as precise sulfonic acid-functionalized
polyethylenes, were synthesized by acyclic diene metathesis (ADMET), an arduous
polycondensation reaction that has proven challenging to scale beyond the gram scale for
these SIC polymers.17,21,33,40,41
This study focuses on a new precise polymer SIC chemistry, a linear polyethylene
with a cation-neutralized phenylsulfonate group on every 5th carbon labeled p5PhSA-X
(X= Li+, Na+, or Cs+), Figure 3.1. The synthesis of these SICs was reported previously42,43
and uses ring-opening metathesis polymerization (ROMP) on 4-phenylcyclopentene.44,45
Compared to ADMET, this chemistry is more scalable and the SO3– functional group is
expected to be more favorable for ion transport than carboxylate groups.
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Figure 3.1. Simplified schematic summarizing intermediate products in the ROMP of
4PCP and its transformation to p5PhSA followed by neutralization to form p5PhSA-X
SICs. Synthetic details can be found Kendrick and co-workers (2016).42

We use a combination of experiments and atomistic MD simulations to investigate
the morphology and ion conductivity of these p5PhSA-X polymers. The simulations show
that these polymers form percolated ionic aggregates, and for the first time, we characterize
the intermediate-scale morphology of the ionic aggregates, namely subclusters.
Additionally, the conductivity of these polymers, even in the glassy state, is measurable
experimentally, and higher than in other similar SICs. We discuss the implications of these
properties and of the percolated ionic aggregates for facilitating ion transport in glassy
SPEs.

3.2. Materials and Experimental Methods
Synthesis and Sample Preparation. ROMP was used to synthesize poly(4phenylcyclopentene) (P4PCP) that features a precise linear polyethylene backbone with a
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phenyl branch on every 5th carbon following mild hydrogenation of the olefins.45
Subsequent sulfuric acid treatment of the polymer produced p5PhSA with 95% sulfonated
repeating units and this acid-form polymer was fully neutralized (>99%) with either Li+,
Na+, or Cs+, to obtain p5PhSA-X (where X is the cation), Figure 3.1.42 The number average
degree of polymerization is ~710 and Mn ≈ 160 kg/mol, which includes the sulfonate groups
but excludes the mass of the counterion. The dispersity (Đ) of this sample is 1.7 ± 0.1. The
detailed synthesis and further characterization of the purity of these materials, including
thermal gravimetric analysis (TGA), size exclusion chromatography (SEC), and nuclear
magnetic resonance (NMR), were reported previously.42 Samples were prepared from 2-3
wt% of lyophilized p5PhSA-X polymer dissolved in deionized water. Solutions were then
drop cast onto stainless steel electrodes at 80 °C and left for the solvent to evaporate to
form polymer films. Pieces of these as-cast films were dried at 180 °C under vacuum for 1
– 2 days before each of the measurements in differential scanning calorimetry, X-ray
scattering, and electrochemical impedance spectroscopy.
Thermal Characterization. Temperature modulated differential scanning
calorimetry (TMDSC) was performed on the p5PhSA-X polymers. The as-cast polymer
films (~4 – 10mg) were dried at 180 °C under vacuum then immediately sealed in DSC
pans for testing in a TA instruments QA 1000 differential scanning calorimeter. Samples
were heated at 10 °C/min to within 20 °C of their degradation temperature and cooled to
25 °C at 10 °C/min, using a modulation rate of +/-1 °C/min. This cycle was repeated at
least three times for each sample, and the final cooling was used to determine the glass
transition temperature (Tg). This procedure was also performed on the pure acid-form
polymer, p5PhSA (no metal cation neutralization) for a reference. Heat flow plots on the
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final modulated cooling of each polymer are shown in Figure B.1. TMDSC measurements
indicate that the glass transition temperature is greater than 220 °C for all of the p5PhSAX polymers. The Tg of the pure acid-form polymer, p5PhSA, is 103 °C, which agrees with
previously reported DSC of these materials.42 Therefore, in this paper the p5PhSA-X
polymers are always in the glassy regime. It is well known that sulfonated polystyrenes
with sufficient ion content have inaccessible glass transition temperatures, and based on
the chemical similarities, this result is not surprising for p5PhSA-X.46
X-ray Scattering. X-ray scattering measurements were performed as a function of
temperature on p5PhSA-X. As-cast p5PhSA-X films (100 – 200 µm thick) were dried at
180 °C under vacuum for 1 – 2 days immediately before structural characterization. The
Dual Source and Environmental X-ray Scattering (DEXS) facility operated by the
Laboratory for Research on the Structure of Matter at the University of Pennsylvania, with
a Xeuss 2.0 system (Xenocs) and a GeniX3D Cu source (λ = 1.54 Å), was used for X-ray
scattering measurements. Sample-to-detector distances for X-ray scattering were 35 cm for
small angles (SAXS) and 16 cm for wide angles (WAXS), covering a total q range of ~ 0.4
– 20 nm-1. Samples were mounted on a mica window then heated to 180 °C using a Linkam
HFSX350-GI stage. The films were measured every 20 °C upon cooling from 180 °C to
40 °C. The films were measured at each temperature for at least 1 hour, dwelling for 10
minutes at each temperature before measurement to let the polymer equilibrate. The 2D Xray scattering profiles are isotropic and thus were azimuthally integrated to 1D data using
Foxtrot software after subtracting the mica window background. X-ray scattering peak
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positions were determined using the simultaneous fitting of scattering peaks with pseudoVoigt functions as shown in Figure B.2.
Conductivity. Ionic conductivity was determined using electrochemical
impedance spectroscopy (EIS) under vacuum, as a function of temperature. As-cast
p5PhSA-X films (100 – 200 µm thick) were sandwiched between two stainless steel
electrodes. The polymer-electrode assembly was placed into a cryostat and equilibrated
under vacuum at 180 °C for 1 – 2 days, to ensure any remaining water was removed and
to maximize wetting of the polymer with the electrode interface. The measurements were
performed using a Solartron Modulab XM materials test system in the frequency window
10-1 –106 Hz under an applied voltage of 0.5 V. The polymers were measured every 5 °C
upon cooling (starting at 180 °C), dwelling for 20 minutes at each temperature before
measurement to let the polymer equilibrate. Impedance spectra were fit with an equivalent
circuit model to determine the through-plane high-frequency resistance R, which is used to
calculate the through-plane conductivity, σDC = L/AR, where L is the film thickness and A
is the cross sectional area. A representation of impedance data is shown in Figure B.3.

3.3. Computational Methods
We conducted fully atomistic MD simulations of the p5PhSA-X polymers using
the OPLS-AA force field. Simulations included bond, angle, and dihedral stretching terms
to model covalent interactions, as well as Lennard-Jones and Coulombic terms to model
dispersion and long-range charge interactions. Dihedral and non-bonded parameters for the
sulfonate group were obtained from the alkylsulfonate parameters of Lopes et al.47 The
partial charge of the carbon bonded to the sulfonate group was fixed to ensure a total charge
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of -1.0 e in the sulfonate group to counterbalance the +1.0 e cations. Lennard-Jones (LJ)
values for ions were obtained from Jensen and Jorgensen.48 We also adopted the
modifications to backbone dihedrals and backbone hydrogen atoms from Siu et al.49 All
other bonded and LJ parameters remained as the default OPLS-AA51 force field values.
By using this force field and fixing the charges of the ionic groups to ±1.0 e, we
neglected polarization. It is relatively common to account for polarization by rescaling the
charges in ionic groups by a constant factor51–57 in the so-called Molecular Dynamics in
Electronic Continuum (MDEC) method.58,59 We explored the effectiveness of such an
approach for this specific system, but found that it agreed less well with experiment in both
the structural and dynamic properties. The details and results of this analysis are described
in Appendix B.
Simulations were conducted with the 2019 version of GROMACS.60–62 LennardJones interactions were smoothly shifted to zero at a cutoff of 1.2 nm, and parameters for
pairs of unlike atoms were generated using geometric combination rules as is standard with
the OPLS-AA forcefield. Electrostatics were treated using the Particle Mesh Ewald (PME)
algorithm63 with a cutoff of 1.2 nm and a Fourier grid spacing of 0.12 nm, which were
tuned at runtime.64 All harmonic bonds involving hydrogen atoms were replaced with
constraints using the LINCS algorithm.65 The system was integrated with a standard leapfrog algorithm.66 Due to the high temperatures and pressures at various steps in the
annealing process (see below) a timestep of 1 fs was used to ensure the stability of the runs
during annealing. We use the thermostat of Bussi and Parrinello (V-rescale)67 with a time
constant of 0.1 ps. For equilibration steps conducted at constant pressure, the barostat of
Berendsen68 was used with a time constant of 1 ps and a compressibility of 4.5⋅10-5 bar-1.
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All polymers in the system were initialized as atactic, randomly oriented, fully
extended polymers with eight precise monomer subunits per polymer. p5PhSA-X polymers
were constructed such that 95% of phenyl pendant groups in the system were randomly
sulfonated to match experimental conditions.42 In the base system, each polymer was
placed in a (5 nm)3 box to allow enough space to avoid steric clashes. The effect of system
size was examined by performing several simulations containing different numbers of
polymer chains. The largest simulations include 123 base boxes stacked together to form a
cube of 1728 dilute, randomly oriented polymer chains. Reported data in the main text is
from simulations with 63 (216) polymers except for the structure factor, which is calculated
from the largest system with 1728 polymers. Ions were added to the base boxes at random
locations using the “gmx insert-molecules'” method.64 The energies of the system were first
minimized using the steepest descent algorithm until the maximum force on any given
atom was less than 1000 kJ/mol·nm. The system then underwent NPT compression at 600
K and 100 atm until a density of 0.7 g·cm-3 was reached. At this point, we followed the
annealing procedure of Abbott et al.69 to equilibrate the system. In brief, an NVT ensemble
at 1000 K for 600 ps was performed first. Next, the system underwent a series of nine sets
of three runs: a 50 ps NVT simulation at 1000 K, a 100 ps NVT simulation at the production
run temperature of 433 K, and a 50 ps NPT simulation at 433 K. The pressure of each NPT
run varies over the nine sets of values:100, 1000, 10000, 5000, 1000, 500, 100, 10, and
1atm. In this series of equilibration runs, the system underwent NVT at high temperature,
NVT at low temperature, NPT at P1, NVT at high temperature, NVT at low temperature,
NPT at P2, etc. The final NPT run in this series is the only exception to the run duration in
that it was run for 2 ns to allow the density of the system to equilibrate. After this, a final
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series of 12 NVT runs are conducted: 1 ns at 2000 K and then 100 ps at each of 1800, 1600,
1400, 1200, 1000, 900, 800, 700, 600, and 500 K, successively. The different steps of this
process were developed to overcome energetic barriers to the equilibration of glassy
polymers and this annealing procedure has been shown to accurately reproduce
experimental polymer densities.69–73 After this annealing procedure, production runs were
conducted in an NVT ensemble at 433 K (160 C) with the timestep increased to 2 fs. All
simulation data shown are for runs at this temperature unless otherwise noted. Due to slow
system dynamics, data analysis was conducted every 1 ns of the simulation.

3.4. Results
Ionic Aggregate Morphology. In situ X-ray scattering was performed on the
p5PhSA-X polymers as a function of temperature, with the scattering patterns at 40 °C and
160 °C displayed in Figure 3.2a. This temperature range is below the glass transition
temperature for these polymers. The overlap of the data at these temperatures implies that
the primary morphology of the polymers is independent of temperature over this
temperature range, which is expected of a glassy polymer. All three p5PhSA-X polymers
have a primary aggregate peak, q1, which is associated with the characteristic length scale
d* of the disordered ionic aggregates. Simulations presented below show that these
materials have percolated aggregates, so this length scale is representative of the
intraaggregate distance between distinct sections of a percolated aggregate.25 As found in
related materials, d* increases slightly with cation size: d* = 1.94 nm for Li+, 1.99 nm for
Na+, and 2.09 nm for Cs+ (Figure 3.2c). An amorphous halo at high q is present in each of
the p5PhSA-X polymers, as expected for an atactic polymer. The amorphous halo of
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p5PhSA-Cs is shifted to higher q as compared to the Na+ and Li+ polymers. We have
encountered a similar shift in previous studies on Cs+-neutralized precise carboxylate
ionomers.26,27 As in previous studies, it is the result of the large electron cloud of the Cs +
ions which yields a strong scattering response at high values of q. In p5PhSA-Na, at
temperatures below 100 °C there are three very weak peaks between 15 – 19 nm-1 (~3.3 –
4.2 Å) that we attribute to local ordering of the ionic aggregate and do not expect to
contribute significantly to properties.

Figure 3.2. (a) X-ray scattering data of p5PhSA-X polymers at 40 °C and 160 °C. Data for
each system has been shifted vertically for clarity. Curves show scattering from p5PhSALi (green), p5PhSA-Na (purple), and p5PhSA-Cs (blue), with darker curves representing
160 °C. (b) Structure factor of p5PhSA-X at 160 °C from X-ray scattering experiments and
atomistic MD simulations. Simulations contain 1728 polymer chains each. Data has been
shifted vertically, so that the amorphous peak has the same intensity in experiments and
simulations. (c) d*exp vs. ionic radius of the cation74,75, with the dashed line representing a
linear fit.
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To further elucidate the ionic aggregate morphology, we simulate the p5PhSA-X
polymers using atomistic MD simulations. We compute structure factors, S(q), from our
simulations following the procedure detailed in Appendix B. There is good agreement in
the S(q) from the experiments and simulations of the p5PhSA-X polymers at 160 °C
(Figure 3.2b). There are similar aggregate peak positions and intensities, similar
amorphous halo peak positions, and similar overall shapes in experiments and simulations,
for all three polymers. We attribute the minor differences we observe between experiment
and simulation to various sources of error in the simulations, particularly to shortcomings
in the force fields. The greatest difference between d* in the experiments and simulations
is seen in p5PhSA-Cs (2.09 nm in experiments, 1.92 nm in simulations) and is
approximately equal to the radius of one Cs+ ion (0.17 nm).74,75 The simulated aggregate
peaks have greater widths and lower relative intensities than those measured
experimentally, which we attribute primarily to finite size effects; see Appendix B. The
amorphous halos have shapes that are qualitatively similar with differences in peak
positions of less than 0.4 Å, and suggest small differences in polymer density between
simulation and experiment.
Given this good agreement between computed structure factors and experimental
X-ray scattering data, we use simulation results to provide insight into the amorphous
morphologies of the p5PhSA-X polymers. The cations and sulfonate groups in the system
nanophase separate from the nonpolar regions of the polymer to form ionic aggregates. We
study the details of the structure of these ionic aggregates at three different length scales:
the entire simulation box, the local anion-cation coordination, and an intermediate length
scale between these two.
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Figure 3.3. Snapshots from all atom MD simulations of configurations observed in (a) Li+,
(b) Na+, and (c) Cs+ p5PhSA-X systems containing 216 polymer chains and run at 160 °C.
Only O atoms and cations are shown and are the same color in each system. The periodic
box is cubic with box lengths of 8.2, 8.3, and 8.7 nm, respectively. Some of the adjacent
subclusters that are separated by approximately d*, as defined in Figure 3.2 for each ion,
are labeled. Ionic clusters form a percolating aggregate in each case. p5PhSA-Li and -Na
frequently form structures with quasi-2d order that contain several branching points
(“interconnected ribbons”). p5PhSA-Cs forms aggregates that exhibit a higher degree of
disorder. Images were created using VMD77 with Tachyon rendering.78

3D visualization of the MD simulations of the p5PhSA-X polymers indicate that all
the ionic aggregates are percolated. In Figure 3.3, we show snapshots from MD simulations
after 100 ns of the NVT production run. Only the O atoms and cations are displayed, and
atoms in the snapshots are displayed with their van der Waals radii.76 A qualitative
inspection demonstrates that each aggregate spans the simulation cell in all three directions.
As in our previous work, we use the position of the first minimum of the oxygen-ion radial
distribution function (RDF) to define a cutoff distance for determining if a cation and an
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oxygen atom are part of the same aggregate.26,27 This cutoff distance is determined to be
0.265, 0.34, and 0.425 nm for the Li+, Na+, and Cs+ systems, respectively (see Figure B.7
for RDFs). Additionally, two oxygen atoms are determined to be part of the same cluster
using a cutoff distance derived in the same way, which is 0.255 nm for each system. In
Figure 3.3, cations and oxygens in the same aggregate are given the same color. Clearly,
each p5PhSA-X system contains a single ionic aggregate that spans the periodic box in
each dimension, namely, they have percolated ionic aggregates. Figure 3.3 also illustrates
how d* relates to these percolated aggregates. The origin of the q1 peak in Figure 3.2 is
clearly attributed to this intraaggregate scattering from the percolated aggregate. We also
include snapshots showing the ions and oxygen atoms with different colors, Figure B.6.
Next, we analyze the local structure of the ionic aggregate by calculating the
coordination number of oxygen atoms around the cations. We define oxygen atoms as
coordinating ions when they fall within the previously defined cutoff distances obtained
from the radial distribution functions. The normalized distributions of the numbers of
coordinating oxygens, obtained from snapshots extracted at 10 ns intervals of 100 ns of
NVT simulation, are plotted in Figure 3.4. Larger cations tend to result in greater
coordination of oxygen atoms, with Li+, Na+, and Cs+ ions coordinated by a mean of 3.8,
5.4, and 6.3 oxygen atoms, respectively. For comparison, the fully neutralized p9AA100%X ionomers (Figure 3.7a) have mean coordination numbers of 4.3, 4.6, and 4.6 for
Li+, Na+, and Cs+, respectively.27 A larger O coordination number in the p5PhSA-Na and Cs polymers compared to the p9AA-100%X ionomers is likely a result of the higher
number of oxygen atoms per sulfonate group (3) as compared to carboxylate groups (2).
We anticipate that a larger number of coordinated oxygens will facilitate ion transport
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within the ionic aggregates, because a smaller share of charge between the cation and each
oxygen will require less energy for the cation to transition between oxygen sites. This
correlation is further supported by the correlation between oxygen coordination computed
here and the ion activation energies we report in the Discussion section below. Future work
using spectroscopic methods could investigate this experimentally.

Figure 3.4. Frequency of coordination numbers of oxygen atoms around a central ion for
each cation species in the p5PhSA-X simulations with 216 polymer chains at 160 °C. Lines
are included to guide the eyes.

Intermediate-Scale Morphology of the Ionic Aggregates. At intermediate length
scales, we observe a variety of shapes within the percolating aggregate of the p5PhSA-X
polymers. For example, the snapshots in Figure 3.3 reveal that the portions of the
percolated aggregate between branching points appear to be quasi-1D or 2D in nature for
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the Li+ and Na+-neutralized polymers, while the Cs+-neutralized polymers have more
branch points and shorter branches. Clearly, the percolated ionic aggregate geometries
differ as a function of the neutralizing ion.
To quantify the intermediate-scale aggregate geometry, we need a well-defined
mathematical method to identify subclusters, namely smaller portions of the percolated
ionic aggregates. Note that these subclusters should not be confused with “clusters” that
are used to describe the slower polymer dynamics near ionic aggregates in ionomers in the
Eisenberg-Hird-Moore model.79 Rather, in this paper, the mathematical clusters are
percolated ionic aggregates and subclusters are used to evaluate smaller portions of the
percolated aggregates, i.e. the intermediate-scale morphologies. While presenting the
mathematical method here and in Appendix B, we will use the mathematical terms cluster
and subcluster.
Using a simple Euclidian cutoff distance from a given central atom to extract
subclusters would be one approach, but this allows for the possibility of extracting
disconnected subclusters, which is not wanted for the following reason. An ion could be
relatively close to another point in the aggregate in the Euclidean sense, but for it to diffuse
within the aggregate to that point, it cannot take a straight path and would have to take a
long, indirect path to that point. (Note that in the current and previous MD simulations of
SICs, ions do not leave the ionic aggregates but instead move along the aggregates). Hence,
a different notion of distance that only takes into account pathways that are connected along
the aggregate is more appropriate. Also note that as each p5PhSA-X system possesses only
a single percolated aggregate, there are no distinct clusters to calculate, and instead we
need a method to identify connected subclusters.
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To do so, we define a distance using the notion of nearest neighbors within the
percolated aggregate, which are determined by the previously mentioned RDF cutoff
distances. The nearest neighbors of a given cation are the oxygen atoms that fall within the
cutoff distance used to define clusters. The nearest neighbors of a given oxygen atom are
the oxygen atoms and cations that fall within the respective cutoff distances. From a given
atom, the second nearest neighbors are then the oxygen atoms and cations that are nearest
neighbors of its nearest neighbors while not being its own nearest neighbor, and so on. We
can thus measure distance between atoms that are nth nearest neighbors by the value of n.
In other words, if n steps are needed for an ion to move from its position next to one atom
to another atom along the cluster, then we take the distance between the two atoms as n.
This way of representing the intermediate length scale in the percolated aggregates
and quantifying distance can be developed using graph theory. From the cluster analysis
already done using the RDF-derived cutoff distances, we can construct a graph whose
vertices correspond to charged atoms and whose edges connect neighboring atoms that fall
within the cutoff distance. The distance between any two vertices on the graph is given by
the length of the shortest path between them, measured in the number of vertices traversed.
Further explanation of this approach is in Appendix B. This notion of distance in the graph
allows us to define a graph-based cutoff distance. Using this cutoff distance, we define the
local environment (𝑉𝑖 ) of a given atom i as the set of all atom positions within an
intermediate scale cutoff distance 𝛿𝑐 :
Vi ≡ { r⃗j ∣∣ δij < δc }

(3.1)

where 𝑟⃗𝑗 is the position of the jth particle and 𝛿𝑖𝑗 is the unitless, integer-valued graph
distance between particles i and j. The set of atoms in Vi form a subcluster (for each i).
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Here, r corresponds to a Euclidian position, and so has units of distance, while δ
corresponds to distances in the unweighted graph-based representation, and so is unitless.
We elected to use an unweighted graph (i.e. neighboring vertices have separation 1),
because variations in the Euclidean distance between atoms that fall within the cutoff
distance are due to thermal noise in the system and so do not correspond to changes in the
connectivity of the aggregate. It is thus better to classify two atoms as being either nearest
neighbors in a cluster or not, and the discrete nature of this binary classification of “nearest
neighbor or not” is best represented by an unweighted graph. The advantage of using a
graph-based representation is that it selects portions of the ionic aggregate that are
guaranteed to be connected, and also considers portions of the system that are nearest to a
given cation via a connected pathway, ignoring regions that are not accessible by the ion.
In all results reported here, we use a graph cutoff distance of 𝛿𝑐 = 10. The cutoff value
was chosen by inspection to be sufficiently large to extract visibly distinct subclusters, but
not so large that no subclusters are distinct due to all of them containing several branching
points. As explained below, the observations we make are robust for a range of 𝛿𝑐 values.
We characterize the shape of the subclusters by computing the gyration tensor for
the local environment of any given atom:
(𝑚𝑛)

𝑆𝑖

=

1
(𝑚) (𝑛)
∑ 𝑟𝑗 𝑟𝑗
𝑁

(3.2)

𝑟⃗𝑗 ∈𝑉𝑖

(𝑚𝑛)

where 𝑆𝑖

is the (m, n) component of the gyration tensor of all particles in the local
(𝑚)

environment of particle i and 𝑟𝑗

is the mth component of the position of particle j relative

to the geometric center of all positions in 𝑉𝑖 . The eigenvalues and eigenvectors of the
gyration tensor provide a linear projection of the shape of the subcluster defined by 𝑉𝑖 along
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the orthogonal dimensions of greatest length. We can draw distinctions between different
subcluster structures by considering the length (eigenvalues) of the subcluster along each
(𝑚𝑛)

of these dimensions. Since the eigenvalues λ(𝑘) (𝑘 = 1,2,3) of 𝑆𝑖

have units of nm2,

1

we define the lengths by 𝑙𝑘 = (𝜆(𝑘) )2 and order them by size (𝑙1 > 𝑙2 > 𝑙3 ). Subclusters
and their eigenvalues were extracted from one simulation snapshot in each system.
Figure 3.5a-c displays three subcluster shapes typically observed in the p5PhSA-X
polymers. We classify subcluster shapes into three categories based on these lengths:
ribbon-like (𝑙1 > 𝑙2 > 𝑙3 ), planar (𝑙1 ≈ 𝑙2 > 𝑙3 ), and isotropic (𝑙1 ≈ 𝑙2 ≈ 𝑙3 ). Note also
that isotropic subclusters can range from being spherical to being randomly branched
shapes. In previous atomistic MD simulations of similar polymers, namely random, 5%
and 10% sulfonated polystyrene (SPS) melts neutralized with Na+, visual inspection
revealed that the isolated ionic aggregates in those systems had ribbon-like shapes. The
same local chemical structure of the functional groups in the SPS melts and the p5PhSANa polymers thus lead to similar intermediate-scale geometries of the ionic aggregates.80,81
The eigenvalues we computed for subclusters in p5PhSA-X polymers demonstrate that
each polymer possesses a distribution of subcluster shapes. Moreover, Figure B.9 plots the
λi values for the subclusters to reveal that the distributions of λi are distinct for each
p5PhSA-X polymer.
To quantitatively distinguish these distributions of subcluster shapes, the three
eigenvalues of the gyration tensor were used to compute a relative shape anisotropy of the
local environment for each subcluster (𝜅𝑖2 ) as 25,82
(1) (2)

κ2𝑖

=1−3

λ𝑖 λ𝑖

(1)

(λ𝑖

(1) (3)

+ λ𝑖 λ𝑖
(2)

+ λ𝑖

(2) (3)

+ λ𝑖 λ𝑖
(3) 2

+ λ𝑖 )
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(3.3)

This relative shape anisotropy gives a measure of the differences in extent along the
orthogonal dimensions of each subcluster. Values of 𝜅𝑖2 range from near zero for
subclusters having spherical symmetry to one for rod-like subclusters. The three categories
of subclusters shown in Figure 3.5 for p5PhSA-X polymers and previously defined based
on the relative values of li correspond to different values of 𝜅𝑖2 . Ribbon-like subclusters are
closest to being linear and have values of 𝜅𝑖2 around 0.5; the planar subclusters are less
linear and have values of 𝜅𝑖2 around 0.25, and the isotropic subclusters have the lowest
values of 𝜅𝑖2 around 0.06. The isotropic subclusters with low values of 𝜅𝑖2 possess multiple
branches yielding spherical symmetry. In the Cs+-neutralized polymers which have more
branches, isotropic subclusters are most prevalent. Note that this relationship between
shape and 𝜅𝑖2 is not universally one to one: a branching structure in which all of the
branches lie primarily in the same plane will have a significantly higher value of 𝜅𝑖2 , while
a ribbon region that has a high amount of curvature will have a much lower value of 𝜅𝑖2 .
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Figure 3.5. Subclusters observed in the MD simulations, which are (a) ribbon-like, (b)
planar, and (c) isotropic. Only oxygen atoms (red) and cations (green for Li + and blue for
Cs+) are visible. Each example is shown from two angles; the second snapshot for each
case is rotated 90° about the 𝑙1 axis relative to the first. In the axis labels, dashed axes
correspond to those going in and out of the page. Subclusters were extracted from
simulations with 216 polymers chains at 160 °C.

Figure 3.6a shows the frequency distribution of 𝜅𝑖2 and shows the range of structural
anisotropy of subclusters for each polymer. Distributions are over all subclusters extracted
for each ion and oxygen atom from snapshots shown in Figure 3.3. The Li+ and Na+
neutralized p5PhSA-X polymers have median values of 𝜅𝑖2 = 0.215 and 0.151, respectively,
indicating many ribbon-like subclusters. In contrast, the Cs+-neutralized polymers have a
much lower median 𝜅𝑖2 of 0.057, indicating isotropic subclusters with relatively irregular
intermediate-scale geometries. The same trends in the distribution of values of 𝜅𝑖2 are seen
for graph cutoff values of 7 ≤ 𝛿𝑐 ≤ 25 as detailed in the Appendix B. Note that Figure
3.6a also shows that as the average 𝜅𝑖2 increases, so does the breadth of the distribution.
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For each p5PhSA-X polymer, the percolated aggregates contain a large number of
branching points that tend to have low values of 𝜅𝑖2 , thus contributing to the lower range
of the 𝜅𝑖2 distribution. The 𝜅𝑖2 distributions demonstrate that subclusters in p5PhSA-Cs are
dominated by branching points and short subclusters between the branching points, while
p5PhSA-Li and -Na have subclusters that are quite distinct from the branching points.

Figure 3.6. (a) Frequency distribution of 𝜅𝑖2 for the p5PhSA-X polymers, and p9AA100%Li for comparison. (b) Average (mean and median) 𝜅𝑖2 as a function of volume
fraction of the ionic groups (𝜙𝑖𝑜𝑛 ), determined using the van der Waals (VDW) volumes83
of the atoms. Error bars correspond to the standard deviation of the mean. 𝜅𝑖2 distributions
are from simulations with 216 polymers chains at 160 °C.

Figure 3.6b shows the median and mean values of 𝜅𝑖2 as a function of the volume
fraction of the ionic groups, 𝜙𝑖𝑜𝑛 . The van der Waals volume is computed by adding the
volumes (based on their van der Waals radii) of individual atoms and subtracting from this
the overlap volume due to the covalent bonds.83 The volume fraction 𝜙𝑖𝑜𝑛 reported in
Figure 3.6b is the volume of the metal cations and SO3– groups divided by the volume of
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the whole system. For p5PhSA-X polymers, the average 𝜅𝑖2 and the breadth of its
distribution both increase as 𝜙𝑖𝑜𝑛 decreases, corresponding to fewer branching regions. For
example, the p5PhSA-Li polymers have 𝜙𝑖𝑜𝑛 = 31% and a low number of coordinating O
atoms (Figure 3.4), which both contribute to fewer branch points and longer subclusters
between branch points. Note that the extensive branching behavior for the p5PhSA-Cs
system with a higher 𝜙𝑖𝑜𝑛 and more coordinating O atoms is similar to our previous report
of percolated p9AA-43%Cs ionomers27 and is related to the larger number of preferred
ligands for Cs+ as compared with Li+ or Na+.38

Figure 3.7. (a) Chemical structure of p9AA-100%Li. (b) Ionic aggregate observed in
p9AA-100%Li system for the entire simulation and (c) an extracted subcluster. The
subclusters in this ionomer system are significantly more stringy than subclusters in the
p5PhSA-X polymers.

Next, we compare the subcluster morphologies of the p5PhSA-X to those of the
p9AA-100%Li ionomer in the melt state that we studied previously.25 Figure 3.7 shows a
percolated aggregate in p9AA-100%Li along with an example of a subcluster extracted
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using the graph-based method described above. The subclusters observed in this ionomer
are stringy with 𝑙1 > 𝑙2 ≈ 𝑙3 and maximum values of 𝜅𝑖2 reaching > 0.9. This subcluster
structure differs from the p5PhSA-X systems. The median 𝜅𝑖2 of p9AA-100%Li is 0.467,
which is significantly larger than that of any of the p5PhSA-X polymers (Figure 3.6b),
indicative of mostly anisotropic, stringy subclusters. The width of the 𝜅𝑖2 distribution for
p9AA-100%Li is also significantly broader than that for the p5PhSA-X polymers, because
the percolated ionic aggregate contains stringy subclusters with high values of 𝜅𝑖2 and “Y”shaped branching subclusters with lower anisotropy values. For p9AA-100%Li there are
almost no subclusters with spherical symmetry (𝜅𝑖2 ~0) in contrast to the p5PhSA-X
polymers. Thus, our graph-based subcluster extraction and corresponding shape anisotropy
analysis quantitatively distinguish significant structural differences between p9AA100%Li and the p5PhSA-X polymers, as well as the more subtle differences as a function
of neutralizing cations in the p5PhSA-X polymers. In comparing p9AA-100% Li and
p5PhSA-Li, which have similar 𝜙𝑖𝑜𝑛 and the same cation (Li+), the large difference in
average subcluster shape may be dominated by the functional group, carboxylate compared
to sulfonate.
The shapes of the subclusters observed in each system may explain the higher
ordering in the p5PhSA-X polymers which is evident in the experimental X-ray scattering.
All of these polymers exhibit higher order peaks in the experimental X-ray scattering data
with a ratio of q1:q2:q3 ~ 1:2:3 (Figure 3.2a, Table B.1), which normally suggests layered
morphologies. Previous studies of precise ion-conducting polymers report layered
morphologies when the backbone crystallizes, as indicated by strong and higher order
reflections in X-ray scattering measurements.40,41,84 In contrast, the higher order peaks in
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the p5PhSA-X polymers are weaker and present in the amorphous state with percolated
ionic aggregates. Given that the subclusters in p5PhSA-Li and -Na are ribbon-like or
planar, the higher order reflections might indicate some level of regular stacking of these
structures that the simulations are not able to produce due to time scales and other
limitations.
Ion Transport. We probe the dynamics of ions in the p5PhSA-X polymers using
experimental and computational techniques, to better understand the transport properties
and possible correlations with ionic aggregate morphology. The conductivity σDC is shown
in Figure 3.8 as a function of inverse temperature and is linear on this semi-log plot
indicating Arrhenius behavior:
𝜎𝐷𝐶 = 𝜎0 𝑒 −𝐸𝑎/𝑘𝑇

(3.4)

where σ0 is the conductivity at infinite temperature and Ea is the activation energy of ion
transport. In the glassy state measured here the ion motion is dominated by the activation
energy for ion dissociation. The polymers have σDC values of 0.98 x 10-7 S/cm (Li+), 1.1 x
10-7 S/cm (Na+), and 6.5 x 10-7 S/cm (Cs+) at 180°C, the highest temperature accessed and
still in the glassy state.
It has been observed that values of σDC > 10-15 – 10-14 S/cm at Tg in ion-conducting
polymers or glasses are indicative of decoupled ion transport.11,85 This observation can be
rationalized as follows. Mizuno and co-workers assume that at Tg, the structural relaxation
time of a glassy system is 100 s, and coupled ions move at the same rate as the species
controlling the glassy structural relaxation, which in our case is the polymer backbone.85
These assumptions, when applied to the Stokes-Einstein and Nernst-Einstein relations, lead
to the conclusion that if ion motion is coupled with segmental dynamics, then σDC~10-15 –
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10-14 S/cm at Tg. Therefore, values of σDC > 10-15 – 10-14 S/cm at Tg indicate that the ion
transport is decoupled from the segmental dynamics. Even at 180 °C, which is below Tg,
the p5PhSA-X polymers have σDC values that are already 7 – 8 orders of magnitude greater
than 10-15 – 10-14 S/cm, which is consistent with decoupled ion transport.

Figure 3.8. Ionic conductivity vs. temperature for p5PhSA-X polymers. Dashed lines
illustrate Arrhenius fits. Electrochemical impedance spectroscopy was used to measure
these conductivities under vacuum.

The Ea for the Li+, Na+, and Cs+-neutralized polymers are 105 kJ/mol, 85 kJ/mol,
and 76 kJ/mol, respectively. The p5PhSA-Cs polymer has the highest conductivity, as well
as the lowest Ea, which is expected because the larger Cs+ cation has weaker electrostatic
interactions and is less tightly bound to the SO3– group and thus requires less energy to
transition between anionic sites. This is also consistent with p5PhSA-Cs having the highest
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O-coordination number (see Figure 3.4). Conversely, p5PhSA-Li has the highest activation
energy for ion transport, consistent with having the fewest oxygen coordination sites and
lowest coordination number.
We also examine the ion motion in the atomistic MD simulations of p5PhSA-X at
160 °C. From our simulations, we calculate the mean-squared displacement (MSD) as a
metric to quantify the ion motion. The MSD of a set of atoms is computed as:
𝑁

〈𝑟(𝑡)2 〉

1
= 〈 ∑ |r⃗i (𝑡) − r⃗i (0)|2 〉
𝑁

(3.5)

𝑖=1

The MSD is calculated for ~ 10 μs runs following the annealing detailed in the
Computational Methods section. The cation MSDs and sulfonate center of mass MSDs are
plotted for each polymer in Figure 3.9a on a log-log scale, up to times equal to half the
simulation run time. Even though these are long simulation times, the ion MSD is below 1
nm2 for all p5PhSA-X systems. By the end of the run, the MSD of the cation is greater than
that of the sulfonate groups by a factor of ~4 for the Li+ system, ~4 for the Na+ system, and
~7 for the Cs+ system. We also include the MSD of the carbon backbone atoms in Figure
3.9b, for the Na+ neutralized polymers. We find that at short times, the polymer backbone
has greater freedom to move than the sulfonate groups. At later times the two converge to
similar values as expected. The high mobility of the cations relative to the sulfonate groups
is indicative of ion transport that is decoupled from the anions. The backbone MSDs of the
Li+ and Cs+ systems are shown in Figure B.11.

84

Figure 3.9. (a) MSDs of cations and sulfonates for each system. (b) MSD of Na+,
sulfonates and the carbons in the polymer backbone for p5PhSA-Na. (c)-(e): Snapshots
illustrating ion motion in p5PhSA-Li at different times. Oxygen atoms are red, Li+ ions are
green, and two Li+ ions are highlighted as yellow and silver. The Li and O atoms displayed
are those that are 1.5 nm from the yellow Li+ ion at the beginning of the simulation. MSDs
are from simulations with 216 polymers chains at 160 °C.

The simulated MSD values are consistent with the experimental conductivity trend
in p5PhSA-X. Though we cannot accurately extract a diffusion constant from these
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simulations, the qualitative ordering of the ionic motion matches that of experiment. The
Cs+ ions move significantly farther than either Na+ or Li+ ions, while Na+ ions move a bit
more rapidly than Li+ ions. This is also consistent with the experimental finding that the
Cs+-neutralized polymers have the lowest Ea and the Li+-neutralized polymers have the
highest Ea.
Finally, we illustrate the ion motion observed in the simulations with snapshots of
a small portion of the percolated ionic aggregate in p5PhSA-Li system at three simulation
times, Figure 3.9c-e. In this figure two of the Li+ ions are shown, in yellow and silver, to
better illustrate the nature of the ion motion. The highlighted Li+ ions move to neighboring
oxygen sites after 1.85 μs as shown in Figures 3.9c and 3.9d. This motion requires that the
Li+ ions that were nearby are displaced, and the sites formerly occupied by the highlighted
ions are replaced by different ions. This behavior of cations trading places within the ionic
aggregate is similar to that observed in our previous coarse-grained and atomistic
simulations for other SICs.33,35,36 After 7.34 μs, several such transitions have taken place
for the highlighted Li+ ions as they continue to diffuse through the network of oxygen
atoms. Note that the average Li+ ion only makes 0 – 2 such transitions during the
simulation. Over the duration of the simulation, the sulfonate groups can undergo small
vibrational and rotational changes, resulting in slight variations in the location occupied by
ions as a function of simulation time. These variations are observed to be quite small, and
the sulfonate groups are effectively stationary compared to the ions which diffuse more
readily through the system. This indicates that the ion motion is decoupled from the motion
of the polymer backbone, as expected in a glassy polymer.
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3.5. Discussion
We directly compare the conductivity of p5PhSA-Li and -Cs to that of previously
studied poly[(4-styrenesulfonyl) (trifluoromethanesulfonyl) imide] (PSTFSI) polymers,
PSTFSI-Li10,16 and PSTFSI-Cs,10 shown in Figure 3.10. We choose this comparison
because, like p5PhSA-X, the PSTFSI-X polymers are also single-cation conductors with
an anion-functionalized phenyl group, exhibit Arrhenius transport in the glassy regime,10,16
and might have percolated aggregate morphologies.29 Two key distinctions between the
systems are that PSTFSI-X contains the TFSI– anion and has just 2 backbone carbon atoms
between phenyl groups, as opposed to the SO3– anion and a 5-carbon spacer in p5PhSA-X.
Separate studies by Stacy et al.10 and Liu et al.16 measured the conductivity of PSTFSI-Li,
and found it to be ~10-10 – 10-9 S/cm at 160 °C, which is in the glassy regime. This is ~100
times lower than the conductivity of p5PhSA-Li at the same temperature. On the other
hand, the conductivity of PSTFSI-Cs at 160 °C is 10-7 – 10-6 S/cm,10 similar to that of
p5PhSA-Cs.

Figure 3.10. Schematic of p5PhSA-X and PSTFSI-X, where X is the mobile cation.
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Table 3.1 compares the activation energy for ion motion between these polymers.
The TFSI– anion, due to its flexible nature, delocalized charge, and weaker electrostatic
interactions, typically leads to a lower activation energy and so a higher conductivity than
SO3–.86,87 Interestingly, the activation energy of PSTFSI-Li was found to be 127 – 155
kJ/mol, which is significantly higher than the Ea = 105 kJ/mol for p5PhSA-Li. The
differences in Ea are consistent with the differences in σDC between the Li-neutralized
polymers. A similar trend is found in the molar conductivity, Λ, so the difference is not
simply the result of differences in ion concentrations in the polymers. A smaller activation
energy for p5PhSA-Li relative to PSTFSI-Li is unexpected, because TFSI– is a larger anion
with a more delocalized charge. This result suggests that the morphology and dynamics of
the ionic aggregates, in addition to the chemical moieties, impacts ion mobility. Similarly,
Ea is unexpectedly smaller for p5PhSA-Cs than for PSTFSI-Cs, although the difference is
smaller than in the Li-neutralized polymers.

Table 3.1. Ea, σDC, molar conductivity (Λ), Tg, and volume fraction of ions ϕion of p5PhSAX and PSTFSI-X polymers. Λ and ϕion were calculated using the VDW volume83 of the
polymers and ionic groups.

Polymer

Ea
log10[σDC (S/cm)] log10[Λ (Scm2/mol )]
Tg (°C)
(kJ/mol)
160 °C
160 °C

ϕion

p5PhSA-Li

105

-7.6

-11.0

>220

0.31

p5PhSA-Na

85

-7.5

-10.9

>260

0.37

p5PhSA-Cs

76

-6.6

-9.8

>260

0.58

-9.5/-9.8

-12.9/-13.2

234

0.46

-6.0

-9.2

197

0.63

PSTFSI-Li10,16 127/155
PSTFSI-Cs10
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We calculated the binding energies for Li+ to each of the anionic groups to compare
their relative magnitudes. Specifically, we used the same density functional methods that
we previously reported for CH3COO– 38 to compute binding energies for Li+ with CH3SO3–
and TFSI– to allow direct comparisons. For TFSI– we used the optimized geometry also
determined previously.88 The calculations are for single ion pairs in the gas phase. The
energetics within an ionic aggregate will be different due to the screened environment, but
these calculations provide a check of our expectations of relative interaction strengths and
provide a magnitude of these relative energies. The calculated binding energies are 662,
607, and 552 kJ/mol for Li+ with CH3COO–, CH3SO3– and TFSI–, respectively, showing
that as expected the TFSI– has the smallest binding energy and COO– has the largest. While
the ordering of these binding energies are as expected, the results in Table 3.1 show that
additional factors are necessary to explain the lower values of Ea and higher conductivity
of the p5PhSA-Li polymer compared with the PSTFSI-Li polymer.
Certainly, a combination of factors impact the ionic conductivity in single-ion
conducting polymers and work remains to be done to fully describe the inter-related
correlations between polymer chemistry and architecture, ionic aggregate morphology, and
ion transport in glassy polymers. The ionic aggregate morphology in the PSTFSI-X
polymers is unknown, making comparisons with p5PhSA-X more difficult. Our subcluster
analysis showed differences in the percolated ionic aggregates in p5PhSA-Li (ribbon-like)
and p9AA-100%Li (stringy) polymers and this morphological difference may impact the
cation dynamics. It has been suggested that aggregate shape can significantly impact the
ion-ion correlations, with anisotropic nanochannels leading to the smallest energy
barrier,10,11 although separating the effects of subcluster shapes, numbers of coordinating
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oxygen atoms, and distances between mobile ions remains a challenge. Further NMR and
computational studies could be beneficial to shed more light on the origin of these
intriguing observations.

3.6. Conclusions
Self-assembled percolated ionic aggregates may serve as efficient pathways for
cation transport in glassy polymer matrices. We used a combination of experimental
characterization techniques and atomistic MD simulations to study a new set of p5PhSAX polymers (X=Li+, Na+, Cs+), synthesized with a scalable ROMP synthesis. These glassy
polymers exhibit percolated ionic aggregates and increasing degrees of oxygen
coordination with cation size. A graph-based technique extracted subclusters from the
percolated ionic aggregate, enabling quantification of the subcluster shapes by a relative
shape anisotropy parameter. While a distribution of subcluster shapes are found in each
polymer, p5PhSA-Li and p5PhSA-Na have predominately ribbon-like and planar
subclusters, while p5PhSA-Cs subclusters are more isotropic. By comparison the
subclusters of p9AA-100%Li are stringy. The p5PhSA-X polymers have conductivities of
10-7 – 10-6 S/cm at 180 °C and follow Arrhenius behavior. The activation energy for ion
transport is lowest for p5PhSA-Cs, with the largest ion size. The MD simulations provided
further evidence that the cation transport is decoupled from the amorphous polymer
backbone.
While further work is needed to capitalize on the percolated aggregate
morphologies and decoupled ion transport to achieve higher conductivity, the mechanism
of cation transport within ionic aggregates is likely accessible in a variety of other glassy
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polymers. For example, while p5PhSA-Li exhibits higher conductivity relative to PSTFSILi, which has a larger anion and just two carbons in the monomeric unit backbone, the
incorporation of a 5-carbon backbone spacer between pendent groups with the larger TFSI–
anion in a new polymer may improve conductivity relative to both systems. Percolated
ionic aggregate morphologies combined with decoupled ion transport remain a promising
strategy for developing faster ion transport in solid polymer electrolytes.
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CHAPTER 4.

CATION TRANSPORT IN SULFONATED

CRYSTALLINE TELECHELIC POLYETHYLENES

Content in this chapter is currently being prepared as a manuscript for submission with
authors Benjamin A. Paren, Manuel Häußler, Patrick Rathenow, Stefan Mecking, and
Karen I. Winey.

4.1. Introduction
Developing solid polymer electrolytes (SPEs) with high ion conductivity is of key
interest due to their improved safety and mechanical stability over liquid electrolytes.1–4
Single-ion conducting polymers are a class of solid polymer electrolytes which typically
have an anionic functional group tethered to the polymer backbone, and thus the mobility
of the cation is much greater than the anion.4 Controlling the backbone and nanoscale
morphology of functionalized polymers is critical for exploring alternative ion transport
mechanisms in solid polymer electrolytes. Recent work by Sokolov discussed that
aggregate morphologies that are more favorable for correlated chain-like ion jumps could
significantly increase the total charge transport in a solid polymer electrolyte, specifically
single-ion conductors.3,5 This suggests that a planar or layered aggregate could result in
improved ion transport, compared to a disordered aggregate that is present in typical
amorphous single-ion conducting polymers.3,6 Precise polyethylene-based polymers have
demonstrated the ability to form layered ionic aggregates, with a crystalline backbone.
These polymers were initially synthesized by acyclic diene metathesis (ADMET),7 and
form layers with many different functional groups, including various acids, halides, and
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polyacetlys.8–17 A variety of polyethylene backbone crystal structures exist between the
ionic layers, depending on the functional group, backbone carbon spacing, and processing
conditions. These layers have the potential to facilitate decoupled ion transport because the
backbone is relatively immobile. Recent work on a precise polyethylene with a sulfonic
acid group on every 21st carbon, p21SA, demonstrated excellent proton transport under
hydration, for application as a proton exchange membrane.15 The layered structure of the
acid groups enhanced diffusion of protons compared to more tortuous channels in
amorphous proton exchange membranes. Such layered structures may also have similar
benefit of enhanced ion transport in anhydrous single-ion conducting polymer electrolytes
for conducting metal cations such as Li+ or Na+. The ADMET chemistry presents a number
of challenges, so exploring alternative chemistries for layer-forming functionalized
polyethylenes is of key interest.
Telechelic polyethylenes, which are short end-functionalized polyethylene chains,
present an opportunity to access layered morphologies with crystalline polymer backbones
via alternative chemistries.18–21 Winey and co-workers recently demonstrated metal ion
transport within ionic layers in precise telechelic polyethylenes with carboxylates.21
However, the reported conductivity values were still quite low compared to traditional
SPEs.1–4 This is due to a combination of factors, including grain boundaries between
crystallites that might introduce significant barriers to bulk ion transport, as well as the
carboxylate anion, which is strongly associated to the mobile cations. A high degree of
dissociation between the mobile metal cation and tethered anion is critical for decoupled
transport within the layered ionic aggregates.22,23 Sulfonate has a higher degree of
dissociation with metal cations than carboxyltate,24 so we are motivated to further study
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ion transport in layers with SO3– containing telechelic polyethylene. Specifically, we are
studying two precise monodisperse telechelic polyethylenes with 48 carbons and SO3– endfunctionalization with Li or Na: C48(SO3Li)2 and C48(SO3Na)2. The C48(SO3Na)2 polymer
has previously been studied as nanocrystals in solution.25 In this work we introduce a new
synthesis method and characterize C48(SO3Li)2 and C48(SO3Na)2 as solid polymer
electrolytes. We correlate the complex morphological transitions to ionic conductivity and
find an unexpectedly low activation energy for ion transport in C48(SO3Na)2.

4.2. Materials and Methods
Synthesis. In previous work, precise telechelic C48 dicarboxylates were described
as promising materials for solid-state electrolytes for various metal cations (X+),
C48(COOX)2.21 While the ionic conductivity is correlated to ions travelling within welldefined ionic layers, the overall conductivity was limited by the nature of the carboxylate
head groups. Here we report a novel class of precise telechelic C48 disulfonates,
monodisperse in molecular weight, with improved dissociation of the metal cations. Metal
sulfonates are a recurring motif in solid-state electrolytes due to their comparatively high
dissociation constant combined with a straightforward synthetic accessibility. While
aromatic sulfonates are typically prepared by electrophilic aromatic substitution,26 aliphatic
sulfonates, as targeted here, are accessible by nucleophilic substitution of leaving groups
such as aliphatic halides or tosylates with sulfite salts.19
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Figure 4.1. Two-step synthesis of ultra-long chain telechelic disulfonates. (a) Top:
bromination of 1,48-octatetracontane diol with PBr3 via a slow heating ramp to facilitate
the selective formation of the a,w-dibromide without formation of the undesired ether side
product. Bottom: sulfonation of C48-(Br2). (b) Schematic representation of the reaction of
1,48-dibromooctatetracontane in presence of a stoichiometric excess of Aliquat 336 as both
a phase transfer catalyst cosolvent and source of bulky counterions simultaneously under
high shear. (c) Ion-exchange procedure employing solution of the desired metal counterion
in MeOH.
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As a precursor to introduce the C48 building block we chose 1,48-octatetracontane
diol which is readily accessible by catalytic chain doubling of renewable fatty acids.20 From
the variety of approaches known to convert hydroxy groups to leaving groups we found
that bromination with PBr3 in toluene is best suited for this substrate. Due to the presence
of two reactive hydroxy end groups, ether side products can form, and have to be
suppressed because they are challenging to separate from the product mixture (Figure
4.1a). To minimize this reaction pathway, we exploited the strongly temperature dependent
solubility of C48-(OH)2 in toluene by applying a slow heating ramp to maintain a low
concentration of the substrate to be exposed to the excess of PBr3 reagent.. With this
approach a selective and virtual quantitative conversion of 98 % to the desired 1,48dibromooctatetracontane (C48-(Br)2) was achieved (Figure C.1). Soxhlet extraction of the
evaporated crude product in chloroform of the finely ground crude product and subsequent
crystallization from the chloroform extracted at 6 °C afforded 90 % of pure C48-(Br)2 as
evidenced from 1H-NMR spectroscopy in C2D2Cl4.
To overcome the phase separation of the highly hydrophobic C48-(Br)2 and the
aqueous sodium sulfite reagent solution, a phase transfer catalysis (PTC) with N-MethylN,N,N-trioctyl(decyl) ammonium chloride (Aliquat 336, AQ336) was employed. In our
hands, the ionic liquid AQ336 simultaneously served as a phase transfer catalyst, hightemperature lipophilic solvent and source of bulky quaternary ammonium cations to
facilitate work up of the otherwise low-solubility C48 disulfonates (Figure 4.1b). Reacting
this mixture at elevated temperature of 150 °C in an autoclave facilitated the quantitative
conversion of C48-(Br)2 to C48-(SO3AQ)2 which could be recovered in an excess of the
AQ336-phase by extraction with CHCl3 (Appendix C). The desired metal counterion was
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then introduced by drop-wise injection of the C48-(SO3AQ)2 solution in hot MeOH into
saturated methanolic solutions of the respective metal salts and precipitation of the
C48(SO3Li)2 or C48(SO3Na)2 product (Figure 4.1c). Recrystallization from MeOH in an
autoclave afforded the pure telechelic C48 disulfonates.
Differential Scanning Calorimetry. Differential scanning calorimetry (DSC) was
performed on the C48(SO3X)2 ionomers. For both C48(SO3X)2 systems, 4 – 10 mg of asreceived polymer powder was dried at 190 °C under vacuum then immediately sealed in a
DSC pan for testing in a TA instruments QA 1000 differential scanning calorimeter.
Samples were heated at 10 °C /min to within 250 – 270 °C of their degradation temperature
and to 25 °C at 10 °C/min. This cycle was repeated at least three times for each sample,
and the final heating and cooling was is shown in Figure 4.2. Heating and cooling at 2
°C/min was also performed on C48(SO3Na)2 to better elucidate some of the thermal
transitions, and shown in Figure C.2.
X-ray Scattering. X-ray scattering measurements were performed as a function of
temperature on the C48(SO3X)2 polymers. C48(SO3X)2 powder was placed in a glass
capillary and dried at 190 °C under vacuum for 1 – 2 days, after which the capillary was
removed from vacuum at room temperature, and immediately sealed. The Dual Source and
Environmental X-ray scattering (DEXS) facility operated by the Laboratory for Research
on the Structure of Matter at the University of Pennsylvania, with a Xeuss 2.0 system
(Xenocs) using a GeniX3D Cu source (λ = 1.54 Å) was used for X-ray scattering
measurement. Sample-to-detector distances are 35 cm for small-angle scattering (SAXS)
and 16 cm for wide-angle scattering (WAXS), covering a total q range of ~ 0.4 – 2.9 Å-1.
Samples were heated to a maximum temperature of 230 °C (Na) or 270 °C (Li) using a
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Linkam HFSX350-GI stage. For C48(SO3Li)2 X-ray measurements were taken every 10 °C
on cooling, from 190 – 140 °C, and every 5 °C on cooling from 140 – 30 °C, measuring at
each temperature for at least 15 minutes, with a final measurement at 30 °C. For
C48(SO3Na)2 X-ray measurements were taken every 2 °C on cooling, from 180 – 88 °C,
and every 10 °C on cooling from 88 – 28 °C, measuring at each temperature for at least 15
minutes, with a final measurement at 28 °C . For both C48(SO3X)2 polymers, temperature
steps were selected in order to optimize the number of measurements that could be taken,
while being sure to use the smallest temperature steps over the temperature ranges which
demonstrated thermal transitions in the DSC and electrochemical impedance spectroscopy
(EIS) results. The 2D X-ray scattering profiles were azimuthally integrated to 1D data
using Foxtrot software after subtracting the glass capillary window background. X-ray
scattering peak positions were determined using the simultaneous fitting of scattering peaks
with pseudo-Voigt functions, as seen in Figure C.3. Multiple heating or cooling cycles were
performed above the melting point to demonstrate reversibility in C48(SO3Li)2 and
C48(SO3Na)2 (Figure C.4 and Figure C.5).
Conductivity. Ionic conductivity was determined using electrochemical
impedance spectroscopy (EIS) under vacuum, as a function of temperature. As-received
C48(SO3X)2 powder was sandwiched between two stainless steel electrodes, with 50 μm
silica spacers. The sandwich of polymer between electrodes was placed into a cryostat and
heated to 190 °C, before fully tightening the electrodes for maximum contact with the
polymer “film” of powder. The sample was then put back in the cryostat and equilibrated
under vacuum at 190 °C for 1 – 2 days, to ensure any remaining water was removed, and
maximum wetting of the polymer with the electrode interface. The measurements were
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performed using Solartron Modulab XM materials test system in the frequency window
10-1 – 106 Hz under an applied 0.5 V. The C48(SO3Li)2 sample was measured every 2 °C
upon cooling (starting at 190 °C), dwelling for 20 minutes at each temperature before
measurement to let the polymer equilibrate. After equilibration at 190 °C, C48(SO3Na)2 was
cooled to 104 °C, then measured every 2 °C on heating up to 190 °C, then measured every
2 °C on cooling. Impedance data were fit with an equivalent circuit model (a parallel
combination of a resistor and a constant phase element in series with the high-frequency
resistance) to determine the through-plane high-frequency resistance R, which is used to
𝐿

calculate the through-plane conductivity, 𝜎𝐷𝐶 = 𝐴∗𝑅, where L is film thickness and A is the
cross-sectional area.

4.3. Results and Discussion
Thermal Analysis. Differential scanning calorimetry was performed on the
C48(SO3X)2 polymers to identify the thermal transitions, Figure 4.2. Both C48(SO3Li)2 and
C48(SO3Na)2 exhibit a melting point (Tm) and crystallization temperature (Tc) as well as
additional endothermic/exothermic processes at lower temperatures. The Tm / Tc are 230
°C / 220 °C and 215 °C / 195 °C for C48(SO3Li)2 and C48(SO3Na)2, respectively. X-ray
scattering measurements, as presented below, confirm that these Tm and Tc correspond to
crystalline-amorphous transitions in the polyethylene backbone. Given that Li+ has a
stronger association to SO3– than Na+, the higher melting temperature in C48(SO3Li)2 is
reasonably expected.
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Figure 4.2. Thermal transitions of C48(SO3Li)2 and C48(SO3Na)2 measured by DSC on
heating and cooling, at a rate of 10 °C/min. Melting (Tm) and crystallization temperatures
(Tc) are labeled on both plots.

In C48(SO3Li)2, a broad thermal transition is present at 125 °C on heating, and 105
°C on cooling. In C48(SO3Na)2, on both heating and cooling, there are several overlapping
broad peaks in the temperature range of ~ 95 – 160 °C. We attribute these intermediate
temperature peaks to various order-order transitions in the backbone structure, which are
also present in the C46(COOX)2 polymers.21 The overlapping peaks in C48(SO3Na)2 are
challenging to accurately deconvolute, but we attempt to do so in Figure C.2, where we see
up to 6 possible thermal transitions occurring in this region. We further explore these
complex order-order transitions in C48(SO3Li)2 and C48(SO3Na)2 via X-ray scattering.
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Crystalline Backbone and Layered Aggregates. X-ray scattering was performed
on C48(SO3Li)2 as a function of temperature to identify the backbone morphology and
assembly of the functional end groups. Figure 4.3a illustrates the ordering of the ionic
aggregates (q ~ 0.1 – 0.6 Å-1) and the crystal backbone (q ~ 1.2 – 1.6 Å-1) at select
temperatures on cooling. Peak positions for the aggregate and backbone regime were
determined by fitting with a pseudo-Voigt function (Figure C.3).We also note that the
structure of C48(SO3Li)2 is reversible on heating and cooling (Figure C.4).
Above the melting temperature, the polymer backbone is amorphous and the ionic
aggregates (q ~ 0.1 – 0.6 Å-1) exhibit a hexagonal structure, identified by a peak ratio of
1:√3:√4:√7. Upon cooling, C48(SO3Li)2 exhibits a peak at q ~ 1.4 Å-1 at 190 °C , which
corresponds to the {100} reflection of hexagonally packed polyethylene, labeled H100.
When the polymer crystallizes, the hexagonal ionic aggregates transition into two
coexisting sets of ionic layers of similar spacing, identified by their peak ratio of 1:2:3:4
and 1’:2’:3’:4’.
Figure 4.3b is a heat map of scattering of the layered ionic aggregates (q ~ 0.1 – 0.6
Å-1) and crystalline backbone (q ~ 1.2 v 1.6 Å-1), from 190 °C to 30 °C. Upon further
cooling, the ionic groups still form layers as the polyethylene backbone experiences a broad
transition at ~ 120 °C from hexagonal to a disordered crystal state. This is consistent with
the broad transition seen on heating and cooling in Figure 4.2. We note that while it is
unusual, there is precedent for the presence of a disordered crystal phase in a material with
a polyethylene-like backbone. In work by Alamo and co-workers, a set of precise, halidefunctionalized polyethylenes and a set of precise polyacetals have both exhibited
disordered backbones at low temperatures, though these were after quenching from the
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melt.9,10 In the case of C48(SO3Li)2, the strong interactions between the ionic groups
significantly impact the ability of the polymer to order. The steric constraints imposed by
the SO3Li group disrupt the ability of the hexagonally-packed backbone to transition into
another crystal structure upon cooling, leaving the backbone a disordered crystal.

Figure 4.3. In situ small-angle and wide-angle X-ray scattering profiles of C48(SO3Li)2 at
select temperatures during cooling. (a) Data have been shifted vertically, and intensity is
plotted on a log scale (small angle) and linear scale (wide angle), for clarity. Hexagonal
aggregate peaks ratios are labeled 1:√3:√4:√7, and layers are labeled as 1:2:3:4. Crystal
backbone peaks at 190 °C labeled as H100 (hexagonal) or as a disordered crystal at 40 °C.
(b) Heat map showing all temperatures measured during cooling from 190 °C to 30 °C (ΔT
= 10 °C from 190 – 140 °C, and ΔT = 5 °C from 140 – 30 °C). Layer and crystal peaks are
labeled consistent with (a).
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X-ray scattering was also performed as a function of temperature on C48(SO3Na)2,
Figure 4.4. The structure of C48(SO3Na)2 is reversible on heating and cooling (Figure C.5).
At 230 °C (above Tm), the backbone is amorphous, while the ionic aggregates exhibit a
mixture of hexagonally-packed and layered ionic aggregates. We note that these coexisting
aggregate phases suggest that the system is not fully at equilibrium, and the aggregates may
be trapped in a non-equilibrium state. To reach an equilibrium state would likely require
heating the polymer to such high temperatures that the aggregates become disordered, then
isothermal cooling may yield an equilibrium state. Such a temperature is at least > 300 °C,
the upper bound of the DSC measurements, and is not possible for us to explore further
with DSC and X-ray scattering based on instrumental limitations. As the backbone
crystallizes, the ionic aggregates form a single set of layers, and layers persist upon cooling
to room temperature. The formation of layered ionic aggregates when the backbone
crystallizes and hexagonal aggregates when the backbone is amorphous, is consistent with
C48(SO3Li)2, as well as C46(COONa)2.21
We further examine the polyethylene backbone of C48(SO3Na)2 below the
crystallization temperature. Although the ionic groups remain assembled in layers upon
cooling, the backbone packing exhibits a variety of peaks and coexisting crystal phases.
These complex structural transitions in C48(SO3Na)2 are more clearly seen upon cooling
from 180 °C to 28 °C, Figure 4.4b. This heat map delineates four temperature ranges based
on the crystal phases of the polyethylene backbone. Note that while we specify transitions
temperatures, these morphological transitions occur over a range of temperatures at these
cooling conditions. Between 180 – 160 °C, the polyethylene backbone of C48(SO3Na)2
packs into a hexagonal crystal structure, similar to C48(SO3Li)2. The hexagonal packing of
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C48(SO3Na)2 is more highly ordered, as seen from the narrower H100 peak, and the presence
of the higher order H110 peak.

Figure 4.4. In situ small angle and wide angle X-ray scattering profiles of C48(SO3Na)2 at
select temperatures during cooling. (a) Data have been shifted vertically, and intensity is
plotted on a log scale (small angle) and linear scale (wide angle), for clarity. Hexagonal
aggregate peaks ratios are labeled 1:√3:√4:√7, and layers are labeled as 1:2:3:4. Crystal
backbone peaks are labeled as H100 (hexagonal), A1/2 (Form A), or O110/200-I,II
(orthorhombic). (b) Heat map of X-ray scattering profiles (small and wide angle) at all
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temperatures measured during cooling, from 180 °C to 28 °C (ΔT = 2 °C from 180 – 88
°C, and ΔT = 10 °C from 88 – 28 °C) Layer and crystal peaks are labeled consistent with
(a), and higher order orthorhombic and hexagonal peaks are also included. Weak peaks
labeled * are an unknown impurity and are not expected to pose any significant effect on
the morphology and ion transport of this system. The light blue dashed lines indicate
approximate order-order transition temperatures, with the crystal backbone morphologies
present between each of these temperatures (Hex., A, or Orth.,) labeled in light blue.

Between 160 – 120 °C on cooling, the hexagonal polyethylene crystals coexist with
the unknown crystal structure, Form A, which exhibits two peaks, A1 and A2 . Upon cooling
the intensities of the H100 and H110 peaks decrease, while that of A2 increases, suggesting a
transition of some of the hexagonal polyethylene to Form A. Based on the peak positions
of A1 or A2 (Figure C.6), it is unlikely that Form A is the typical orthorhombic, monoclinic,
or hexagonal structure of polyethylene.21,27,28 Some precisely spaced polyethylenes have
been reported to exhibit triclinic crystal structures.8,9,11,12 The Form A crystal could be
triclinic, although better crystals would need to be fabricated to provide more scattering
peaks. The coexisting crystal phases suggest that the polyethylene backbone of
C48(SO3Na)2 is in a non-equilibrium state. The heating and cooling conditions of the X-ray
scattering measurements were selected to match those of the electrochemical impedance
spectroscopy studies (to be discussed later in further detail). However, systematic study
with varying isothermal crystallization procedures is required for a more detailed phase
analysis.
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Between 120 – 96 °C, the H100 and Form A peaks both weaken in intensity and
broaden upon cooling, while two coexisting orthorhombic phases begin to appear, O I and
OII. Below 96 °C, there is an abrupt shift in backbone structure to orthorhombic phases.
We identify two orthorhombic phases based on their peak positions of q ~ 1.5 Å-1 and q ~
1.65 – 1.7 Å-1 , corresponding to the orthorhombic {110} (O110-I,II) and {200} (O200-I,II)
reflections, respectively. The presence of two orthorhombic phases may be a result of both
the Form A and the hexagonal phase transitioning to orthorhombic upon cooling, leading
the packing in each orthorhombic phase to be slightly different. Higher order peaks are also
present for the orthorhombic phases, Figure 4.4b, although there is insufficient angular
resolution to identify OI or OII for the {210}, {020}, and {310} reflections.
Table 4.1 summarizes the key morphological parameters of C48(SO3Li)2 and
C48(SO3Na)2 at 180 °C and at room temperature and compares them to the reported values
for C46(COONa)2 and C46(COOCs)2. The lattice parameters of the polyethylene in the
hexagonal regime are similar for C48(SO3Li)2 and C48(SO3Na)2 at 180 °C, ahex = 5.10 Å and
5.22 Å, respectively.
The lattice parameters of the orthorhombic phases in C48(SO3Na)2 are very similar
to those in the carboxylate ionomers and literature values of standard polyethylene (a =
7.42 Å, b = 4.95 Å).27 The areal density of chains in the polyethylene crystal is calculated
based on the lattice parameters. The lower chain density in the hexagonal backbone regime
(4.2 – 4.4 chains/nm2) than in the orthorhombic backbone (5.2 – 5.5 chains/nm2) may result
in more free volume around the SO3 – head groups that are tethered to the ends of the
polyethylene chains, or flexibility in the backbone. The layer spacing is calculated by
dlayer=2π/q1, and ~ 60 Å for all of the sulfonate telechelics, consistent with the C46(COOX)2
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polymers, and a spacing of 48 carbons. Variability in this value could be a result of the size
of the head group, but also affected by the degree of tilt of the telechelic polyethylene, and
a mixture of trans and gauche confirmations.
We estimate the height of the crystallite by using the Scherrer equation, ξL=2π/Δq1,
to determine the correlation length from the layer peak.17,21 We also estimate the width of
the crystallite by using, ξC=2π/ΔqHex to determine the correlation length from the H100
crystal peak. The calculation of ξC is only performed in the hexagonal crystal regime,
because it requires having a single unambiguous peak, which is not the case for the lower
temperature regions that have a disordered crystal (C48(SO3Li)2) or coexisting crystal
phases (C48(SO3Na)2). Figure 4.5 includes a schematic that illustrates these domain sizes,
as well as layer spacing. ξL in C48(SO3Li)2 ~ 300 Å when the backbone is hexagonal or
disordered, corresponding to a crystallite 5 polymers thick, and is similar to the
C46(COOX)2 telechelic polyethylenes. However, C48(SO3Na)2 has ξL > 600 Å,
approximately 10 layers thick. Furthermore, ξC in the hexagonal backbone regime of
C48(SO3Na)2 is 390 Å, compared to 95 Å in C48(SO3Li)2, indicating that the crystallites of
C48(SO3Na)2 are significantly larger in both directions. It is not clear exactly what
contributes to the formation of larger crystallites. Larger crystals correspond to fewer grain
boundaries, which may reduce the barriers between crystallites for ion transport.
Additionally, if ions travel along the layered aggregates, having a larger ξC is critical for a
longer continuous pathway for ion transport.
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Table 4.1. Summary of crystal structures, lattice parameters , layer spacing and domain
size for C48(SO3X)2, measured by X-ray scattering on cooling at 180 °C and 28 / 30 °C.
Data for C46(COOX)2 at 30 °C (from Yan, Macromolecules, 201921) is included for
comparison.

Material

C48(SO3Li)2

C48(SO3Na)2

T
(°C)

Crystal
Structure

180

Hex.

30
180

Disordered
Hex.
Orth. I

28
Orth. II

21

C46(COONa)2

21

C46(COOCs)2

30

Orth.

30

Orth.

Lattice
Density
d
Parameter Chains/nm2 layer ξL(Å) ξC(Å)
(Å)
(Å)
60.2 340
a=5.10
4.4
95
56.6 260
--61.7 290
-a=5.22
4.2
61.4 626
390
a=7.59,
5.2
58.2
b=5.05
631
-a=7.40,
5.4
58.2
b=4.97
a=7.58,
5.5
59.3 190
-b=4.81
a=7.67,
5.3
54.6 233
-b=4.9

Figure 4.5. Illustration of layered structures in crystallites of C48(SO3X)2 telechelic PEs.
The black lines, blue spheres, and red spheres represent the alkyl chains, sulfonate anions,
and cationic counterions, respectively.
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Ion Transport. Ionic conductivities, σDC, of C48(SO3Li)2 and C48(SO3Na)2 were
determined using electrochemical impedance spectroscopy (EIS) under vacuum, as a
function of temperature, Figure 4.6. The maximum temperature measured was 190 °C, so
the ions are assembled into layered aggregates over the entire range of measurements in
both C48(SO3Li)2 and C48(SO3Na)2. The crystal backbone morphologies are denoted. The
bulk conductivity of C48(SO3Li)2 and C48(SO3Na)2 is low compared to traditional SPEs,
which is likely due in part to the many interfaces between nanocrystals that would
introduce a significant barrier to ion transport.

Figure 4.6. σDC of (a) C48(SO3Li)2, (b) C48(SO3Na)2 , both on cooling as a function of
1000K/T. Dashed lines correspond to order-order transition temperatures found by X-ray
scattering. Polyethylene morphologies are labeled and the ionic groups are assembled in
layers at all temperatures.
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Local ion transport in C48(SO3Li)2 and C48(SO3Na)2 exhibits Arrhenius behavior in
the high and low temperature regimes. The Arrhenius behavior of ion conductivity is
described by the equation:
𝐸𝑎

(4.1)

𝜎𝐷𝐶 = 𝜎0 𝑒 −𝑅𝑇

where σ0 is the conductivity at infinite temperature, and Ea is the activation energy
associated with ion transport. Arrhenius transport is consistent with ion transport occurring
within the layers, and being decoupled from the crystalline backbone. While 𝜎𝐷𝐶
characterizes the ion transport throughout the system, Ea informs us of the local ion
transport within the ionic layers in the C48(SO3X)2 polymers. Fits to the data in Figure 4.6
are provided in Figure C.7. Table 4.2 correlates our findings on ion transport with
morphology, which we compare again to C46(COONa)2 and C46(COOCs)2.

Table 4.2. Summary of Ea of the C48(SO3Li/Na)2 telechelics, the corresponding crystal
backbone structure, and the temperature range over which this Ea was determined. Data for
C46(COONa/Cs)2 is from Yan, Macromolecules, 201921 and included for comparison.
Material
C48(SO3Li)2

C48(SO3Na)2

21

C46(COONa)2

21

C46(COOCs)2

T range (°C)
140 – 190
<140
160 – 190
120 – 160
98 – 120
<98
130 –180
<130
140 –180
<140

Backbone
Hex.
Dis.
Hex.
Hex.+A
Hex.+A+Orth.
Orth.
Hex.
Orth.
Hex.
Orth.
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Ea (kJ/mol)
120
183
53
--136
160
-92
232

We first examine the Ea in the high temperature regime when the backbones of
C48(SO3Li)2 and C48(SO3Na)2 are packed hexagonally. The Ea of C48(SO3Li)2 is 120
kJ/mol, which is also comparable to that of other single Li-conductors which operate in the
glassy regime.3,6 The local ion transport of C48(SO3Na)2 is significantly improved over
C48(SO3Li)2 with a hexagonal backbone, having Ea = 53 kJ/mol. While the larger cation is
expected to have a greater dissociation from the acid group, the very low Ea of 53 kJ/mol
is quite unexpected, considering other reported single Na-ion conductors have Ea > 85
kJ/mol or higher.3,6 The ion transport of C48(SO3Na)2 is also significantly improved from
C46(COONa)2 with hexagonal backbone packing (160 kJ/mol). While improved transport
is expected in SO3– due to better dissociation between the Na+ with SO3– than with COO–,
the extent of the difference in activation energy is surprising. We can also compare the
activation energy of hexagonal C48(SO3Na)2 to that in the precise sulfophenylated
polyethylene, p5PhSA-Na, which contains a glassy polymer backbone and disordered
percolated aggregates of SO3Na. In p5PhSA-Na, the Ea of decoupled ion transport is 85
kJ/mol.6 The significantly lower Ea of 53 kJ/mol in hexagonally packed C48(SO3Na)2
demonstrates the potential of a layered morphology to be advantageous in future SPEs,
compared to materials with disordered aggregates. We note that a number of other factors
besides the ion-type and morphology could play a role in the low Ea of C48(SO3Na)2 ,
including the cation coordination with the SO3– oxygen atoms and free volume within the
aggregate.5 Both of these factors are a result of the packing of the ions within the layers,
and merit further investigation using additional experimental techniques or atomistic
molecular dynamics simulations.
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Upon cooling below the hexagonal regime, the Ea of C48(SO3Li)2 increases to 183
kJ/mol when the backbone is in a disordered crystal, with a broad transition at ~ 125 °C
consistent with X-ray scattering and DSC results. Unlike C48(SO3Li)2, C48(SO3Na)2
exhibits much more unusual ion transport behavior than is expected for a typical SPE.
There is a plateau between 120 – 160 °C in the conductivity of C48(SO3Na)2 , which
coincides with the presence of the coexisting hexagonal and Form A backbone
morphologies. This plateau appears in both heating and cooling of C48(SO3Na)2 (Figure
C.8), as does the coexistence of the hexagonal and Form A backbone. We conclude that
Form A promotes ion transport, although the underlying cause for this improvement
requires a more thorough understanding of the morphology.
The conductivity in C48(SO3Na)2 decreases more rapidly upon cooling below 120
°C, as the backbone transitions from hexagonal and Form A to orthorhombic. Below ~ 100
°C, the ion transport again appears Arrhenius, which is consistent with the morphology
remaining orthorhombic below this temperature. The Ea in this orthorhombic region is 136
kJ/mol which is approximately 2.5 times greater than the Ea of 53 kJ/mol in the hexagonal
packing region in C48(SO3Na)2 , indicating that the hexagonal packing of the backbone is
better than orthorhombic for ion transport. A similar result was found in C46(COOCs)2,
which has a Ea of 92 kJ/mol in the hexagonally packed region, and an Ea of 232 kJ/mol in
the orthorhombic region.21 We suspect this is because the lower chain density in the
hexagonally-packed crystal may translate to more mobility in the polymer near the
functional groups, leading to a lower Ea compared to the regime with denser orthorhombic
polyethylene.
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4.4. Conclusions
We have demonstrated that monodisperse telechelic polyethylenes endfunctionalized with Li+ or Na+- sulfonate form highly ordered layered aggregate
morphologies that facilitate ion transport when the backbone is crystalline. C48(SO3Na)2
and C48(SO3Li)2 both exhibit hexagonal backbone morphologies upon crystallization from
the melt, which is more favorable for ion transport than the low-temperature disordered
and orthorhombic crystals. In C48(SO3Na)2 , there exists an unidentified polyethylene
crystal structure, Form A, that coexists with the hexagonal backbone structure between 120
– 160°C, that is better for ion transport than hexagonal. The Ea of 53 kJ/mol C48(SO3Na)2
when the backbone is hexagonally packed is significantly lower than that of C48(SO3Li)2
and C46(COONa)2, demonstrating the superior ion transport properties of the Na+ compared
to Li+, and the SO3– anion compared to COO–. Furthermore, this Ea is lower than that of
p5PhSA-Na, which has the same ionic groups assembled into disordered percolated
aggregate morphology. All of these factors demonstrate the potential for layered aggregates
to access rapid ion transport in crystalline solid polymer electrolytes. While these polymers
are polycrystalline materials, it may also be possible to enhance the conductivity by
utilizing methods that can align the crystallites and improve the long-range ion transport.
Future studies to better probe the local packing within the layered aggregate of C48(SO3Na)2
and exploring telechelic or precise polymers with different functional groups beyond SO3–
present an opportunity to further understand the critical elements in effective single-ion
conduction through layered aggregates.
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CHAPTER 5.

PRECISE PHOSPHONATED TELECHELIC

POLYETHYLENES AND THEIR PROTON CONDUCTIVITY

Content in this chapter is currently being prepared as a manuscript for submission with
authors Benjamin A. Paren, Anne Staiger, Robin Zunker, Son Hoang, Manuel Häußler,
Stefan Mecking, and Karen I. Winey.

5.1. Introduction
The storage and on-site production of green energy is a major challenge facing the
future of energy infrastructure. Fuel cells are amongst the most promising candidates to
meet this increasing demand for energy supply. Much effort is being invested into the
search for better proton exchange membranes (PEMs) for their use in fuel cells. State-ofthe-art PEMs consist of single-ion conducting polymers (ionomers) such as Nafion, a
perfluorinated polymer with sulfonic acid groups covalently attached to the polymer
backbone.1 Rapid proton transport in ionomers with sulfonic acid groups is enhanced by
the presence of water, which leads to the formation of charge carriers in nanoscale
hydrophilic domains.2 However, the dependence of proton transport on water restricts the
use of such polymer membranes to temperatures below 100 °C at atmospheric pressure.
Higher operating temperatures are desirable for many reasons, for example to prevent
catalyst poisoning by the adsorption of fuel impurities or regarding the simultaneous
generation of electric and thermal energy.3,4 Thus, ionomers with a high thermal stability
and a high proton conductivity in the absence of water are of interest. A promising base for
such materials are phosphonated polymers as they exhibit higher thermal and chemical
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stability than their sulfonated analogues and transport protons effectively under both humid
and dry conditions.5,6 The lower acidity of phosphonic acid compared to sulfonic acid
typically leads to lower overall conductivities in phosphonated polymers.7 However, the
self-dissociable, amphoteric nature of phosphonic acid gives rise to well-connected
hydrogen-bond networks in phosphonated polymers, consisting of aggregated phosphonic
acid groups that are essential for achieving high proton conductivities.8–10 A sophisticated
design of phosphonated polymers with a high degree of functionalization may capitalize
on this hydrogen bond network formation to lead to enhanced proton transport.
A potential strategy to accessing highly proton-conducting PEMs is to utilize
polymers with ionic functional groups precisely spaced, and covalently attached to the
polymer backbone.11 Designing precisely spaced polymers can lead to control over both
the ionic aggregate nanostructure and the polymer crystallinity.12–17 Trigg and co-workers
reported a polyethylene-like material with precisely placed sulfonic acid groups along the
backbone, which exhibits a nanoscale layered morphology when hydrated that results in
excellent proton conductivity.18 However, introducing phosphonic acid groups to the
polymer backbone in a precise way is hindered by several synthetic difficulties, including
the high tendency of the phosphonic acid groups to aggregate and, in case of the
polymerization with esterified phosphonic acid derivatives, the harsh conditions necessary
to cleave the ester bonds in the polymer.19–21 To the best of our knowledge, only one
example of a precisely phosphonated polyethylene-like polymer has been reported by
Buitrago et al., which was synthesized via acyclic diene metathesis (ADMET)
polymerization.22–24 However, the proton transport abilities remain unexplored.
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Polyethylene (PE) materials are attractive as PEMs due to their ability to crystallize
and self-assemble into ordered aggregate morphologies, as well as their chemical stability.
These features can be realized by PE telechelics, which contain functional groups as end
groups. Telechelic polyethylenes generated by ethylene insertion chain growth have a
distribution of chain lengths when using living catalytic chain transfer protocols.25–27
Mecking and co-workers recently reported an alternative route to polyethylene telechelics,
giving access to end group functionalized low molecular weight PE with precise chain
lengths, such as 48 carbon atoms. This approach is based on entirely catalytic reactions
starting from common plant based fatty acids as a feedstock.13,28,29 One advantage of
developing other routes to synthesizing PE telechelics is their suitability for large scale
applications.25,30 All of the synthetic reactions involved in this approach, namely olefin
self-metathesis, isomerization, and crystallization are feasible on a commercial scale.31,32
The precisely monodisperse backbones crystallize in a polyethylene-like orthorhombic
fashion at room temperature, resulting in layers of functional groups alternating with highly
crystalline extended chain polymer segments.13 Sulfonate- and carboxylate-terminated
telechelics with different metal counterions have been synthesized and the latter explored
as ion conductors.13,28 Analogues with bivalent end groups such as phosphonates are of
strong interest to illuminate the interplay of charge vs. order and consequently the
structure-conductivity relationship.
Ionic polymers have previously been reported to be thermotropic liquid crystalline
(LC) materials, exhibiting liquid crystalline phases in a temperature range above the
crystalline solid and below the isotropic liquid.33 The intermolecular interactions of the
ionic groups and the polymer backbones can lead to the formation of LC nanostructures
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formed by nano-segregation of the polar and nonpolar segments.34 In proton conductors,
the formation of hydrogen bond networks by self-induced ordering of the protogenic
functional groups is favorable with regard to long-range proton transport.35 Liang et al.
reported on phosphonic acid functionalized rod-shaped compounds that exhibit
thermotropic liquid crystalline phases at elevated temperatures, forming bilayered
assemblies.36 The positive impact of the liquid crystalline phases on the anhydrous proton
conductivity was shown.
We now report for the first time on the synthesis of novel phosphonic acid
functionalized polyethylene telechelics with precisely 26 and 48 methylene units, C26PA2
and C48PA2. These monodisperse polyethylene chains form extended layered aggregates,
which facilitate the anhydrous transport of protons. These polymers achieve a maximum
conductivity in the thermotropic liquid crystalline phase.

5.2. Materials and Methods
Syntheses of Precise Phosphonic Acid-Terminated Telechelics. The saturated
C26 and C48 telechelic starting materials were obtained by reported procedures.29 Starting
from erucic acid, a self-metathesis reaction directly yields the C26 building block
precursor.37 A further dynamic catalytic crystallizing double bond isomerization step
followed by an effective olefin self-metathesis resulted in ‘chain doubling’ to the C48
precursor. Subsequent hydrogenation of the double bond and reduction of the acid ester
end groups yields the respective C26 and C48 diols, C26(OH)2 and C48(OH)2. The end group
modification of the polyethylene-like telechelics is challenging due to their limited
solubility and the difficulty to separate starting materials from the products in case of non-
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quantitative conversions. Therefore, reaction conditions were implemented for all reaction
steps that meet the following demands: good solubility of the starting materials,
quantitative conversions, simple work-up conditions, and applicability to increased batch
sizes. The conversion to C26Br2 and C48Br2, which was originally performed by an Appel
reaction of C48(OH)2 with CBr4 and PPh3,28 was replaced by a more atom-efficient
bromination with phosphorus tribromide in toluene (Figure 5).

Figure 5.1. Synthesis of telechelic phosphonic acids starting from the respective telechelic
diol.

The purification of the product included the hot filtration over a short plug of silica
and recrystallization from the solution. This yielded the pure C26Br2 and C48Br2. The
conversion of the end groups was monitored by 1H nuclear magnetic resonance (NMR)
spectroscopy via the indicative high-field shift of the α-methylene resonance from 3.7 to
3.4 ppm (in tetrachloroethane-d2 at 110 °C). Phosphonate ester groups were introduced by
a Michaelis-Arbuzov reaction with triethyl phosphite to quantitatively yield
C26(PO(OEt)2)2 and C48(PO(OEt)2)2. Excessive triethyl phosphite was distilled off after the
reaction was completed. The end groups’ 31P NMR resonance (31.4 ppm and 30.8 ppm for
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C26(PO(OEt)2)2 and C48(PO(OEt)2)2, respectively, in dmso-d6 at 110 °C) agrees with
reported values for other alkyl diethylphosphonates (typically measured in chloroform-d1,
32.4 ppm).38 The crude materials were used in the following McKenna deprotection
without further purification. The desired C26(PO(OH)2)2 and C48(PO(OH)2)2 (abbreviated
as C26PA2 and C48PA2) were obtained by phosphonate ester cleavage by McKenna
reactions with trimethylsilyl bromide under mild conditions and subsequent protonation in
a water/methanol mixture.39 The hydrolysis reaction was monitored by 31P NMR at 110 °C
in dmso-d6.
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P NMR shifts of the products agree with an n-tetradecylphosphonic acid

reference, indicating full conversion to phosphonic acid functional groups, Figure 5.2. See
Appendix D for full NMR characterization of C26PA2 and C48PA2 and the intermediate
products. In further purification by recrystallization from methanol, the limited solubility
of the products was overcome by working at temperatures above the solvent boiling point
in a microwave reactor with an operating pressure of up to 30 bar. This yielded the target
products in high purity. No additional high field shifted 31P NMR signals were detected,
unlike reported for poly(vinylphosphonic acid).40 Therefore, a formation of anhydrides by
condensation of the phosphonic acid groups during the synthesis and purification steps can
be excluded.
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Figure 5.2.

31

P NMR at 110 °C in dmso-d6 of the synthesized phosphonate esters and

phosphonic acids. As a reference, n-tetradecylphosphonic acid is shown.

Thermal Analysis. Differential scanning calorimetry (DSC) measurements were
performed using a Netsch DSC 204 F1 with a heating rate of 10 °C/min. All data reported
are from the second heating and cooling cycles. Thermogravimetric analysis (TGA) was
performed on a Netzsch STA 429 F3 Jupiter. All measurements were performed with a
flowrate of 80 mL/min and a heating rate of 10 °C/min. Samples were dried in a vacuum
drying oven for at least 48 hours (5 mbar, 50 °C) prior to measurements.
X-ray Scattering. X-ray scattering measurements were performed as a function of
temperature on C26PA2 and C48PA2. C26PA2 or C48PA2 powder was placed in a glass
capillary and dried at 170 °C under vacuum for 1-2 days, after which the capillary was
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removed from vacuum at room temperature, and immediately sealed. The Dual Source and
Environmental X-ray scattering (DEXS) facility operated by the Laboratory for Research
on the Structure of Matter at the University of Pennsylvania, with a Xeuss 2.0 system
(Xenocs) using GeniX3D Cu source (λ = 1.54 Å) was used for X-ray scattering
measurement. Sample-to-detector distances are 35 cm for small-angle (SAXS) and 16 cm
for wide-angle (WAXS) scattering, covering a total q range of ~ 0.4 – 2.9 Å-1. Samples
were heated to 170 °C using a Linkam HFSX350-GI stage. X-ray measurements were taken
every 4°C on cooling (C26 and C48), from 170 °C to 30 °C, measuring at each temperature
for at least 15 minutes. X-ray measurements were then taken every 4 °C (C26) or 8 °C (C48)
from 30 °C to 170 °C, measuring at each temperature for at least 15 minutes. C26 PA2 was
additionally heated to 250 °C in order to access the final transition temperature. For both
C26PA2 and C48PA2, temperature steps were selected in order to optimize the number of
measurements that could be taken, while being sure to use the smallest temperature steps
over the temperature ranges which demonstrated thermal transitions in the DSC and
electrochemical impedance spectroscopy (EIS) results. The 2D X-ray scattering profiles
were azimuthally integrated to 1D data using Foxtrot software after subtracting the glass
capillary background. X-ray scattering peak positions were determined using the
simultaneous fitting of scattering peaks with pseudo-Voigt functions.
Polarized Light Microscopy. Polarized light microscopy (PLM) was performed
with a Leica DM4000M and with a Linkam THMS600 hot stage.
Electrochemical Impedance Spectroscopy. Proton conductivity was determined
using electrochemical impedance spectroscopy (EIS) under vacuum, as a function of
temperature. As-received C26PA2 or C48PA2 powder was sandwiched between two stainless
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steel electrodes, with 100 µm silica spacers, to ensure constant separation between
electrodes. The sandwich of polymer between electrodes was placed onto a hot plate at 170
°C (above the melting temperature of both polymers), and the top electrode was gently
pressed down until contacting the spacers. This electrode-electrolyte assembly was placed
into a cryostat and heated to 170 °C, before fully tightening the electrodes for maximum
contact with the polymer. The sample was equilibrated under vacuum at 170 °C (C26PA2)
or 150 °C (C48PA2) for at least 12 hours to ensure the sample was dry. The measurements
were performed using Solartron Modulab XM materials test system in the frequency
window 10-1 – 106 Hz under an applied 0.5 V. For the C26PA2 or C48PA2 impedance plots,
the sample was measured every 2°C (C26PA2) or 4°C (C48PA2) upon cooling, from 170 °C
to 30 °C, dwelling for 15 minutes at each temperature before measurement to let the
polymer equilibrate. The sample was then heated back to 170°C and measured under these
same conditions. Impedance plots were fit with an equivalent circuit model (a parallel
combination of a resistor and a constant phase element in series with the high-frequency
resistance) to determine the through-plane high-frequency resistance R, which is used to
calculate the through-plane conductivity, σDC = L/(A*R), where L is film thickness and A
is the cross sectional area.

5.3. Results and Discussion
Thermal Analysis. Thermogravimetric analysis (TGA) under a nitrogen
atmosphere and air provides insight on the thermal stability of the telechelic phosphonic
acid materials C26PA2 and C48PA2 (Figure 5.3). For both materials, only trace weight loss
is observed up to 200 °C, which may be due to traces of residual solvent. The polymers do

138

not undergo significant condensation reactions below 200 °C. Decomposition under
nitrogen atmosphere occurs at onset temperatures of 467 °C and 454 °C (C26PA2 and
C48PA2, respectively) with low residual mass, presumably originating from non-volatile
inorganic phosphorus oxides. The decomposition under air exhibits comparable onset
temperatures to those under nitrogen, and was previously reported for 1-heptylphosphonic
acid to be a result of the polyethylene chain oxidation upon formation of CO2.41 Between
200 °C and 450 °C, a material weight loss of approximately 5 % is observed for both
C26PA2 and C48PA2. Since complete condensation reaction of the phosphonic acid
functional groups would account for a material weight loss of 6.8 % and 4.3 % (C26PA2
and C48PA2, respectively), the weight loss in this temperature region is likely to derive
from condensation reactions. A final decomposition step is observed under both nitrogen
(~850 °C) and air (~550 °C) for C26PA2 and C48PA2 with the earlier onset of decomposition
in air due to the presence of oxygen. The thermal stability of the materials towards the
formation of anhydrides was further investigated by
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P NMR spectroscopy. Both

phosphonic acid materials were held in closed vials for 4, 24, 72 and 96 h at 140 °C and
subsequently dissolved in dmso-d6 for NMR analysis at 110 °C. A high-field shifted
additional phosphorus resonance would be expected for the phosphonic acid anhydride
formed by condensation reactions.40 Both C26PA2 and C48PA2 feature only the unaltered
sharp resonance of the starting material at 26.6 ppm (C26PA2) and 27.2 ppm (C48PA2) (see
Figure D.5), demonstrating that the phosphonic acid functionalized polyethylene chains do
not undergo condensation reactions at temperatures below 200 °C.
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Figure 5.3. TGA thermal graphs of C26PA2 (black) and C48PA2 (blue) at a heating rate of
10 °C/min from 30 to 1000 °C under a constant stream of (a) nitrogen and (b) air.

The phase transitions of C26PA2 and C48PA2, differ significantly, as observed in the
DSC thermograms (Figure 5.4 and summarized in Table 5.1). Distinct and reversible
transitions are observed between 110 and 160 °C for both C26PA2 and C48PA2, associated
with changes in the polyethylene backbones. These transitions are identified by X-ray
scattering and will be described in further detail in the Morphology section. C26PA2
exhibits a double melting peak (Tm) at 150 – 155.7 °C, and a crystallization temperature
(Tc) at 127.6 °C. C48PA2 has a similar Tm at 145 °C, but the Tc (143 °C) is nearly the same
as the melting point. In contrast, much higher melting points between 200 and 220 °C have
been reported for the small molecules C4 to C12PA2, likely due to the higher concentration
of phosphonic acid groups, whose aggregates will impede the melting process.10 There are
also order-to-order transitions (TOOT) in C48PA2 below the melting point, which result from
transitions between crystal structures in the polyethylene backbone. Though we are able to
identify the peaks corresponding to melting and crystallization of the polyethylene
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backbone, the melting enthalpy is challenging to assign due to overlapping transitions, as
well as intermediate transitions between crystal structures.

Figure 5.4. DSC traces of C26PA2 (top) and C48PA2 (bottom) from 0 to 280 °C (second
heating/cooling cycle, heating/cooling rate of 1 °C/min). Red curves represent heating, blue
curves represent cooling process. Data are shifted vertically for clarity.

Table 5.1. Thermal transitions of C26PA2 and C48PA2. The transition temperatures reported
are from the 2nd heating and 2nd cooling cycles in DSC.
C26PA2
Heat

C48PA2
Cool

TOOT (°C)

Heat

Cool

120.5/124.9

112.0

Tm; Tc (°C)

150.0/155.7

127.6

145.0

142.8

Tdis.(°C)

234.1

234.0

163.0

161.5
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For both materials, an additional endothermic process is visible at temperatures
above the melting temperatures of the PE backbones, Tdis. (234 °C and 162 °C for C26PA2
and C48PA2 during cooling, respectively). At these temperatures, the hydrogen bond
network formed by the phosphonic acid groups transitions into a disordered state and
occurs at the same temperature on heating and cooling. This behavior is studied in further
detail by X-ray Scattering and by polarized light microscopy, as discussed below.
Morphology. The morphological characteristics of the precise telechelic
phosphonate polyethylenes are a result of the interplay between the van-der-Waals forces
between the nonpolar polyethylene segments and the polar interactions of the phosphonic
acid groups. By combining temperature dependent X-ray scattering studies with polarized
light microscopy (PLM) we gain insight into the nanoscale structures and morphological
transitions present in these materials. Figure 5.5 shows the X-ray scattering profiles of
C26PA2 and C48PA2 at selected temperatures during cooling process. At high temperatures,
both C26PA2 and C48PA2 exhibit an amorphous halo at q ~ 1.3 Å-1, indicating melted
polyethylene segments. Additionally, both polymers exhibit a broad, asymmetric peak at q
~ 0.2 – 0.3 Å-1, which corresponds to the disordered packing of the phosphonic acid
aggregates. Upon cooling, transitions in the polymers are consistent with the DSC results.
We also note that the morphologies in both polymers are fully reversible with some
hysteresis in C26PA2 upon heating to 170 °C (Figure D.4) and this is discussed with regard
to proton conductivity in the following section.
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Figure 5.5. X-ray scattering profiles of (a) C26PA2 and (b) C48PA2 at selected temperatures
upon cooling. Reflections at q > 1.0 Å-1 indicate PE chain packing as Hex, M1, O and X,
representing hexagonal, monoclinic, orthorhombic and an unknown phase, respectively.
Data is shifted vertically for clarity. Transition temperatures from DSC measurements (on
cooling) are noted.
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When the polyethylene backbone is still in the melt state in both C26PA2 and
C48PA2, sharp equidistant peaks appear upon cooling below Tdis., in the low q-range with
ratios of 1:2:3:4 relative to q*, which indicates the presence of layered aggregate
morphologies. This is derived from the nanophase separation of the acidic end-groups from
the PE backbone, as reported before for phosphonated polymers and for the carboxylic acid
telechelic analogues C21(COOH)2 and C46(COOH)2.13,23 Upon further cooling, the layered
aggregate morphology persists as the polymers crystallize and experience additional orderto-order transitions.
The alkyl chain packing behavior of C26PA2 becomes semicrystalline with a
hexagonal crystal structure upon cooling below 130 °C, followed by an order-to-order
transition to a monoclinic phase crystal structure at lower temperatures. This hexagonal to
monoclinic transition does not appear in the DSC trace, which may be because the
transition occurs over a wide range of temperatures. In C48PA2, an unidentified
semicrystalline structure (indicated as X on Figure 5.5) forms upon initial cooling from the
melt state of the PE backbone and transitions into co-existing monoclinic and orthorhombic
phases. The co-existing phases suggest that the polymer may be in a non-equilibrium state.
A systematic study of isothermal crystallization in C48PA2 could provide further insight
into this phase behavior. Detailed positions of all observed reflections at the selected
temperatures can be found in Appendix D, Table D.1 and Table D.2. The previously
reported carboxylic acid telechelic analogues C21(COOH)2 and C46(COOH)2 both show an
orthorhombic PE crystallinity at all temperatures below the melting transition.13 However,
the monoclinic structure of the PE backbones found in C26PA2 and C48PA2 was previously
reported in the zinc carboxylate analogue, C46(COO)2Zn.13 It is possible that the larger
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bivalent functional groups lead to an increased head group separation which induces
monoclinic packing of the PE chains.42
The center-to-center distances (d*) between the aggregate layers can be calculated
from the peak positions (d* = 2π/q*) and are 29 Å (C26PA2) and 55 Å (C48PA2) at 30 °C.
A larger d* in C48PA2 compared to C26PA2 is expected because the interlayer spacing
strongly depends on the polymer length. The layer spacings remain relatively constant
throughout the complete cooling process (± 2 Å). The domain sizes along the layer normal
can be calculated with the Scherrer equation (𝜉L = 2𝜋/∆𝑞, Δq being the full width at halfmaximum of q*). For C26PA2, the domain size is 900 Å when the backbone is melted and
decreases to 500 Å when the backbone is crystalline. For C48PA2, the domain size is as
large as 2800 Å when the backbone is melted and the layers coexist with some disordered
aggregates, then similarly decreases to 500 Å upon the crystallization of the PE backbone.
This higher extent of order in the layered aggregates when the PE backbone is amorphous
is likely a result of the greater mobility in the polymer backbone, that will allow for better
ordering of the acid aggregates, until the aggregates themselves also become disordered at
higher temperatures. We also note that the domain sizes of ~500 Å at room temperature
are significantly larger than the domain sizes of 170 Å and 350 Å in the carboxylate
telechelic analogues, C21(COOH)2 and C46(COOH)2, respectively.13 Tilt angles θ of the
polyethylene chains to the layer normal can be calculated from the layer distance and the
expected length of the telechelics’ extended chain all-trans conformation (Figure 5.6).28
This yields tilt angles of 49° (C26PA2) and 41° (C48PA2), assuming chain lengths of 43.9
and 73.3 Å, respectively. Previous all atom molecular dynamic simulations on the
C48(SO3Na)2 analogues showed that the tilt of the telechelics originates from the mutual
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head group steric packing and is therefore stronger for the short chain analogue C26PA2.28
These tilt angles are also larger than the carboxylate analogues C21(COOH)2 and
C46(COOH)2, which tilt at 42° and 35°, respectively.13 This larger tilt in the phosphonic
acid polymers compared to the carboxylates may similarly result from the larger
phosphonic acid head groups requiring a greater degree of tilt from the polyethylene chain
to accommodate the steric packing within the acid aggregates layers.

Figure 5.6. Schematic representation of the layered aggregates and the definition of the
chain tilt to the layer normal. The light blue regions represent the phosphonic acid layers
and the gray regions represent the PE segments.

As previously described, the PE segments of C26PA2 and C48PA2 are amorphous
and exist with layered acid aggregates between Tm and Tdis, above which the layered
aggregates break apart. This phenomenon has been previously reported for other
phosphonic acid-functionalized materials and can be described as a thermotropic liquid
crystalline (LC) phase.36,45 To support this assertion, C26PA2 was additionally investigated
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by PLM upon cooling from the isotropic melt above 240 °C and subsequent isothermal
crystallization above the temperature of the layered aggregate formation (235 °C). Under
crossed polarizers, characteristic cross-like interference patterns (called Maltese crosses)
are observed, indicating the liquid crystalline phase (Figure 5.7).43 Upon further cooling,
the Maltese crosses disappear and spherulites form at the crystallization temperature of the
PE segments (~120 °C), which is often the case when a lamellar structure forms from
polymer melts.44 Although C26PA2 and C48PA2 have short PE segments, the typical
lamellae formation of PE upon crystallization can still be observed. This is consistent with
the X-ray result, with both polymers exhibiting layered aggregates at all temperatures
below Tdis.

Figure 5.7. PLM images with crossed polarizers of C26PA2. (a) Cooled from the isotropic
melt to 235 °C and subsequent isothermal crystallization at 235 °C for 20 min. (b)
Subsequent cooling at 1 °C /min, image was taken at 120 °C.

The LC phase in C26PA2 and C48PA2 is stable over a temperature range of 79 °C
and 18 °C, respectively. The high strength of the hydrogen bond network present in the
layered aggregates, particularly in C26PA2 is emphasized by the large temperature range
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over which the LC phase persists, even though the PE backbone is lacking order. The
smaller temperature window over which the LC phase is present in C48PA2 makes it
difficult to capture using PLM, which is why we refrain from further PLM investigations
on this analogue.
Proton Transport Properties. The proton conductivity of C26PA2 and C48PA2 was
determined from 30 °C to 170 °C under dry conditions using electrochemical impedance
spectroscopy (EIS) measurements (Figure 5.8). Previously, the telechelic carboxylate salts
demonstrated Arrhenius-like conductivity, 𝜎𝐷𝐶 = 𝜎0 𝑒 −𝐸𝑎 /(𝑅𝑇) , with 𝜎0 defined as the
conductivity at infinitely high temperature and Ea as the activation energy for the ion
conduction. The mechanism of Arrhenius transport originates from the decoupling of the
ion movement from the polymer backbone segmental dynamics.13 Upon cooling, the
conductivity of C26PA2 shows Arrhenius-like behavior above ~120 °C, the crystallization
temperature of the PE backbone. While this occurs when the backbone is melted and there
may be some chain mobility, the linear relationship in Figure 5.8 suggests that the
dynamics within the phosphonate layers dominate the proton motion, rather than the
segmental dynamics. The non-Arrhenius behaviour of the conductivity below the
melting/crystallizing indicates the role of segmental dynamics and many structural changes
in the bulk. The subdivision of the conductivity by the different bulk structures is marked
in Figure 5.8. The hysteresis in the structural changes and the conductivity upon cooling
and heating in C26PA2 are reproducible and therefore can be excluded to originate from
material decomposition. The abrupt jump in conductivity at ~ 155 °C for C48PA2
corresponds to the transition between disordered and layered aggregates determined by Xray scattering. This is reversible upon heating and cooling, and highlights the benefit of
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structured materials with aggregated phosphonic acid functional groups on the proton
transport properties, as reviewed by Steininger and co-workers.10 In the case of C26PA2,
the layered aggregate morphology is present at all temperatures tested in the EIS, and thus
a significant jump in conductivity is absent.

Figure 5.8. Ionic conductivity obtained from EIS measurements under dry conditions in
(a) C26PA2 and (b) C48PA2. The packing of the PE segments as identified from X-ray
scattering measurements, are labeled, with the transition temperatures represented by
vertical dashed lines. A: amorphous, X: unknown phase, M1 and M2: different monoclinic
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phases, O: Orthorhombic phase, H: hexagonal phase. Phases marked with * are the
minority. We note that the transitions may occur over a range of temperatures, but discrete
transition points are labeled for clarity. The phosphonate aggregate morphologies are
denoted by the colored bars, as either Dis. for disordered state, or layered aggregates.

In the LC regime, when the aggregates are layered and the backbone is an
amorphous melt, both C26PA2 and C48PA2 exhibit proton conductivities of ~10-4 S/cm.
Considering the absence of water and additives in the structured phosphonic acid
functionalized materials reported here, this proton conductivity is on par with other recent
studies of phosphonic acid-functionalized polymers. The phosphonic acid-functionalized
materials presented by Liang et al., which exhibit thermotropic LC phases, demonstrate
anhydrous proton conductivity of up to 2.3 x 10-4 S/cm at 196 °C.36 Atanasov et al. reported
a poly(2,3,5,6-tetraflurostyrene-4-phosphonic acid) with proton conductivity of 10-6 S/cm
at 120 °C and 2 x 10-4 S/cm at 200 °C.40 Thayumanavan and co-workers presented
benzotriazole-based polymers with anhydrous conductivities as high as 10-3 S/cm at
180 °C, which is only one order of magnitude higher than the proton conductivity reported
here.46 Even though the shorter chain analogue C26PA2 has a higher functional group
density than C48PA2, the overall conductivity is comparable. Therefore, in addition to
charge concentration, the mobility of the polymer backbone and packing within the ionic
aggregates both affect the proton transport, and merit further investigation in future work.
To further increase the transport abilities of these materials, a macroscopic alignment of
the materials in the LC phase may be of interest. Tan and co-workers previously reported
in increase in anhydrous proton conductivity of one order of magnitude in LC-forming
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polymers functionalized with sulfonic acid groups.47 Nevertheless, the proton conductivity
of 10-4 S/cm achieved in C26PA2 and C48PA2 demonstrates that a precise positioning of
functional groups may be a key to the design of highly conductive phosphonic acidfunctionalized proton exchange membranes.

5.4. Conclusions
Phosphonic acid-terminated polyethylene telechelics with precise chain lengths
were synthesized by straightforward protocols with precisely 26 and 48 carbons, C26PA2
and C48PA2. Simple reaction conditions were implemented that yield quantitative
conversions of the starting materials and are applicable to increased batch sizes. The
thermal properties suggest these materials are suitable as proton conductors at intermediate
operating temperatures in fuel cells without undesired condensation reactions occurring.
Layered aggregates of the phosphonic acid groups prevail below and above the melting
transition of the PE backbones and transition to disordered aggregates at ~80 °C above Tm
for C26PA2 and ~20 °C for C48PA2. When the backbone is melted, the polymers exhibit a
liquid crystalline phase, and the proton conductivities through the layered aggregates in
both C26PA2 and C48PA2 is 10-4 S/cm. The beneficial impact of the layered aggregate
morphology on the proton conductivity is evident in C48PA2 by the significant loss in
conductivity upon the formation of the disordered aggregate state. This systematic
approach towards the understanding of proton transport in structured phosphonic acidfunctionalized materials suggests that the development of next-generation proton exchange
membranes will benefit from highly-ordered self-assembled nanoscale morphologies.
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CHAPTER 6.

PROTON TRANSPORT AND MORPHOLOGY IN

A HYDRATED PRECISE SULFOPHENYLATED POLYETHYLENE:
EXPERIMENTS AND SIMULATIONS

Content in this chapter was recently submitted for publication and is under review, with
authors Benjamin A. Paren, Bryce A. Thurston, Arjun Kanthawar, William J. Neary, Aaron
Kendrick, Manuel Marechal, Justin G. Kennemur, Mark J. Stevens, Amalie L.
Frischknecht, and Karen I. Winey.

6.1. Introduction
Perfluorosulfonic acid (PFSA) polymers have been used for decades as proton
exchange membranes (PEMs), because they have excellent phase separation and proton
transport properties, concomitantly with high chemical stability which allows them to be
used in efficient membrane-electrode assemblies.1,2 Under high humidity or hydrated
conditions, some of the best-performing PEMs exhibit proton conductivities as high as 0.1
– 0.2 S/cm while still maintaining mechanical stability.1,3 The high conductivity is driven
by strong nanophase separation between hydrophobic and swollen hydrophilic domains, in
combination with sufficient charge concentration, or ion exchange capacity (IEC). In
PEMs, the primary mechanisms of proton transport are vehicular motion (pure diffusion of
H3O+ ions in H2O) and the Grotthuss mechanism, which dominates at high water
content.1,3–6
However, PFSA membranes contain fluorine which adds expense and can lead to
HF formation during degradation, and they have reduced performance at higher
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temperatures.1,5,7 These issues have led to interest in hydrocarbon-based PEMs, which
typically have phenyl groups in the backbone for increased thermal stability and
mechanical rigidity. They often have scalable chemistries, and do not contain fluorine,
which may lead to lower cost and polymerizations under milder conditions. A significant
disadvantage of current hydrocarbon-based PEMs is their reportedly weaker nanophase
separation relative to PFSAs, as identified using X-ray scattering, and this weaker
nanophase separation leads to slower proton transport.3,4,8,9 Efforts to optimize the
properties of hydrocarbon-based PEMs have included blending, forming nanocomposites,
and using alternative chemistries.3 Our recent work on a precise polyethylene with a
sulfonic acid group every 21st carbon (p21SA) demonstrated that the crystalline backbone
resulted in highly organized phase separation from the acid groups. The formation of
hydrated layers lined with sulfonate groups led to proton transport comparable to that of
Nafion™, the industry standard for PEMs.10 Building upon this finding, we are motivated
to design an amorphous, hydrocarbon-based PEM that can achieve a high level of
nanophase separation, and thus high proton conductivity. A flexible amorphous backbone,
side-group functionalization, and high ion content are characteristics that produce strong
nanophase separation in both PFSA and hydrocarbon-based PEMs.1,7,11 Furthermore, short
side chains and high IEC have also led to enhanced proton dissociation in PEMs.1,3,12 All
of these are important factors we must consider when designing new polymeric PEMs.
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Figure 6.1. Simplified schematic summarizing intermediate products in the ROMP of
4PCP and its transformation to p5PhSA. Synthetic details can be found in Kendrick, et al.13

This study focuses on a novel linear polyethylene with an atactic phenylsulfonic
acid pendant group precisely spaced on every 5th carbon, p5PhSA, Figure 6.1. This polymer
was previously synthesized through ring-opening metathesis polymerization (ROMP) of
4-phenylcyclopentene (4PCP), followed by mild hydrogenation of the backbone olefins
(>99%), and sulfonation of the phenyl rings (95%). This synthetic route exploits methods
currently practiced at the commercial scale. The parent poly(4-phenylcyclopentene)
(P4PCP) and its hydrogenated analog (p5Ph) are both amorphous, have a low glass
transition temperature (Tg ≈ 17 °C), and are well entangled at the degree of polymerization
(~712) used in this study.13–16 We recently investigated p5PhSA neutralized with a variety
of metal cations, and found that in the dry state the ions and sulfonic acid groups strongly
nanophase separate from the polymer backbone and self-assemble into percolated ionic
aggregates.17 We thus anticipated that p5PhSA would also nanophase separate into
hydrophilic and hydrophobic domains. Accessing high proton conductivity with this
polymer could lead to a new class of scalable materials for use as PEMs. Furthermore, we
envisioned that the high acid concentration, precise spacing of phenylsulfonic acid
moieties, and the inherent flexibility of the amorphous parent polymer (p5Ph), could
incorporate many of the desired design principles into a new candidate material for rapid
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proton transport. Due to the short spacer length and high acid content, the ion exchange
capacity (IEC) of p5PhSA is 4.2 mmol/g. This exceeds that of many other PEMs reported
in the literature, and is significantly higher than the IEC of typical PFSA membranes,
including Nafion 117 (0.91 mmol/g).1,3,8,9,18–20 The glass transition temperature (Tg) of
p5PhSA is 103 °C, and the thermal degradation temperature (Td) is 215 °C , both high
enough that p5PhSA may have the thermal and mechanical stability necessary to operate
as a PEM.13,17 While this Tg is lower than many other hydrocarbon-based PEMs, it may
allow for easier processing of p5PhSA at lower temperatures compared to polymers with
phenyl groups in the backbone.
In this paper, we characterize the morphology and proton transport in p5PhSA for
the first time, using a combination of experiments and atomistic molecular dynamics (MD)
simulations. The simulations show that p5PhSA demonstrates strong nanophase separation
between the percolated hydrophilic and hydrophobic domains. This nanophase separation
and the high ion concentration both lead to excellent proton conductivity (determined
experimentally), which exceeds that of Nafion 117 at high water content. The analysis of
water dynamics from MD simulations provides further characterization of the pathways
for efficient transport in p5PhSA. This study introduces p5PhSA as a scalable hydrocarbonbased polymer that exhibits strong nanophase separation and develops design rules for
future PEMs.

6.2. Materials and Methods
Synthesis and Sample Preparation. ROMP was used to synthesize P4PCP that
features a precise linear polyethylene backbone with a phenyl branch on every fifth carbon.
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Following quantitative hydrogenation of the backbone olefins,14 subsequent sulfuric acid
treatment of the polymer produced p5PhSA with 95% sulfonated repeating units.13 The
number average degree of polymerization is ∼710 and, based on the repeating unit’s
formula weight in the sulfonic acid form (224.3 g/mol), equates to a number average molar
mass, Mn ≈ 160 kg/mol. The dispersity, Đ, of this sample is 1.7 ± 0.1. Temperature
modulated differential scanning calorimetry (DSC) indicates a Tg of 103 °C when dry.17
The detailed synthesis and further characterization of the purity of these materials,
including thermal gravimetric analysis, size exclusion chromatography, nuclear magnetic
resonance (NMR) spectroscopy, and DSC, were reported previously.13
Samples were prepared from 2 to 3 weight % of lyophilized p5PhSA polymer
dissolved in deionized water. Solutions were drop-cast onto Teflon at 95 °C and the solvent
evaporated to form a polymer film.
The as-cast polymer was hot-pressed at 150 °C under air, under 1000 psi in a Carver
press for 4 hours into a film approximately 400 µm thick. The film was then hydrated at
40 °C and 90% RH for ~24 hours. This as-prepared polymer was stored at room
temperature and ambient conditions before experimental measurements.
Nafion 117 was obtained from Sigma-Aldrich (ref. 274674).
Water Uptake Measurements. We used a SGA100 Symmetrical Gravimetric
Analyzer from VTI Corporation with a Dew point monitor (Edgetech—Dew Prime I) and
a Cahn D-200 digital recording balance for the gravimetric water sorption experiments. A
9 mg piece of the as-prepared p5PhSA sample was loaded into the balance and dried at 60
°C under dry air for 16 hours. Then, the chamber was set to 0% RH and 40 °C and the
sample was equilibrated for 6 hours. The humidity was stepped up to each measured RH
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and the equilibration time was between 3 – 15 hours for each step, then weight of the
sample was measured. Then the humidity was stepped down similarly, and we used an
average of the masses measured on increasing and decreasing humidity. The % weight gain
vs. RH of p5PhSA is found in Figure E.1. The water uptake was calculated as:10,18,21
𝑊𝑈(𝑅𝐻) =

(𝑚𝑅𝐻 − 𝑚0 )
∙ 100%
𝑚0

(6.1)

where 𝑊𝑈 is the % water uptake, 𝑚0 is the mass of dry p5PhSA, and 𝑚𝑅𝐻 is the mass of
p5PhSA at a given % RH. λ, the moles of H2O per mole of SO3−, (Figure 6.2b) is calculated
as :
λ=

(𝑚𝑅𝐻 − 𝑚0 )
𝐼𝐸𝐶 𝑚0 𝑀𝐻2 𝑂

(6.2)

where 𝑀𝐻2 𝑂 is the molar mass of water and 𝐼𝐸𝐶 is the ion exchange capacity.
Electrochemical Impedance Spectroscopy (EIS)-Proton Transport. Impedance
diagrams were measured using a Solartron Analytical Modulab XM MTS spectrometer
equipped with a relative humidity chamber, a SM-1.0 bench-top environmental chamber
from Thermotron Industries which has a relative humidity range of 10% to 98%, and a
temperature range of -40 °C to 130 °C. The as-prepared p5PhSA film was cut into a
rectangular strip, then was placed on a glass-slide, with ribbons of stainless steel foil on
both ends, which were connected to the frequency analyzer and served as ion-blocking
electrodes. This slide-film-electrode assembly was secured using binder clips. Terminals
from the instrument were fed through the chamber wall to access the sample while being
able to maintain a humid environment.
This assembly allows for the exposure of the p5PhSA film to the humid
environment, and results in an in-plane geometry for sample measurement. At room
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temperature and atmospheric conditions, the p5PhSA film was approximately 400 μm
thick, 10 mm long (distance between the electrodes), and 5 mm wide. The thickness was
measured using a micrometer, and the lateral dimensions were measured by taking a photo
of the sample, and measuring the length and width using ImageJ software. These values
were then used to calculate the cell constant of the system.
At 40 °C, the sample was equilibrated at 90% RH, and impedance was measured at
every 5% RH, from 90% RH to 25% RH. The sample was considered to be equilibrated
when the measured impedance remained constant (within < 1%) for at least 30 minutes at
specific %RH. The sample was then measured by ramping up the humidity by 5%
increments, to 95%, illustrating excellent reversibility in conductivity (Figure E.2). After
completing each EIS measurement, the film was removed from the sample chamber and
its new dimensions were immediately measured (< 30 seconds in atmosphere before
measurement complete), to determine the new cell constant under each set of conditions.
The impedance diagrams were fit with an equivalent circuit model to determine the
through-plane high-frequency resistance R, which is used to calculate the through-plane
conductivity, 𝜎 = 𝐿/(𝐴𝑅), where L is the distance between the electrodes and A is the
cross-sectional area (thickness ⋅ width). The variability in film dimensions were accounted
for as error bars in Figure 6.2a and 6.2c. The same procedure was performed on a Nafion
117 film (200 μm thick), between 30-90% RH at 40 °C and the results are included as a
reference.
X-ray Scattering. X-ray scattering was performed on the p5PhSA film at varying
RH using the Dual Source and Environmental X-ray Scattering (DEXS) system operated
by the Laboratory for Research on the Structure of Matter at the University of
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Pennsylvania. This Xeuss 2.0 system (Xenocs) with a GeniX3D Cu Kα source (λ = 1.54
Å) was used with sample-to-detector distances of 35 cm and 16 cm for a total q range of ∼
0.4 − 18 nm−1.
The p5PhSA film was measured inside of a custom environmental chamber, which
allows for temperature and humidity control, in order to create the same environment that
was present during EIS measurements.22 All humidity-controlled X-ray scattering
experiments were performed at 40 °C, at varying RH between 0 − 98%. Equilibration at
each humidity was confirmed by performing continuous scans of 5 minutes until the X-ray
pattern stabilized. After equilibration, the final X-ray spectrum at each % RH was
measured. The 2D X-ray scattering profiles were azimuthally integrated to 1D data using
Foxtrot software.
Computational Methods. Atomistic MD simulations were conducted using the
2019 GROMACS simulation suite.23–25 The system is initialized by generating 216
p5PhSA polymers with eight precise repeat units (monomers), random tacticity, and
random sulfonation, such that 95% of phenyl groups are sulfonated.13 All sulfonate groups
are assumed to be negatively charged, with all protons dissociated into the water. These
protons are included as hydronium ions. Hydronium and water molecules are added to the
system at random locations using the “gmx insert-molecules'” script.26 One hydronium
cation is added for each sulfonate anion for overall charge neutrality. Simulations are
conducted at a variety of water contents, with the molar ratio of the hydronium and water
molecules to the sulfonate groups set to l = 3, 4, 6, 9, or 12.
We model the polymer with the bonded and Lennard-Jones OPLS-AA force field27
parameters from our previous study,17 which are based on the work of Lopes et al.28 We
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also use the dihedral corrections of Siu et al.29 Water molecules are modeled using the TIP4P/2005 water model30, and hydronium ions follow the parameters of Sagnella and Voth.31
The Lennard-Jones interactions are smoothly shifted to zero at a cutoff of 1.2 nm, and
parameters for pairs of unlike atoms are determined from geometric combination rules.
Long range electrostatics are calculated using the Particle Mesh Ewald (PME) algorithm32
with a cutoff of 1.2 nm and a Fourier grid spacing of 0.12 nm, which were tuned at runtime
to improve efficiency.26 Given the aqueous environment to which the ionic groups are
confined, we treat polarization in the system using the Molecular Dynamics in Electronic
Continuum (MDEC) method.33,34 This involves scaling the partial charges of the ionic
groups in the system by a constant factor to account for the mean impact of the solvent
dielectric, which is not accounted for when ionic partial charges are set to ±1e. In the case
of water, this amounts to scaling all partial charges in the sulfonate group and in the
hydronium ions by

1
√ϵel

= 0.75, where ϵel is the electronic component of the dielectric

constant of water.34 The SHAKE algorithm is used to replace all harmonic bonds involving
hydrogen with constraints.35 The system was integrated with a standard leap-frog algorithm
and a time step of 2 fs unless otherwise noted.36
The system is equilibrated by the same series of NVT and NPT simulations that we
have used previously (see Appendix E for more details).17,37 To maintain a constant
temperature, we use a stochastic thermostat (V-rescale)38 with a time constant of 0.1 ps.
Equilibration runs involving constant pressure steps use the Berendsen barostat39 with a
time constant of 1 ps and a compressibility of 4.5 × 10-5 bar-1. Production runs are
conducted in the NVT ensemble at a temperature of 313 K (40 °C). Runs are conducted for
100 ns and are repeated eight times with different random sulfonation, tacticity, and initial
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polymer orientations. Additionally, one run at each water molar fraction is conducted until
the hydronium ions have reached the diffusive regime. The λ = 3 system is run for 1 μs and
every other system is run for 500 ns. Analysis of runs, unless otherwise noted, is conducted
with custom python scripts that are accelerated using the Numba library and rely on the
MDAnalysis library to read the trajectory files.40,41

6.3. Results and Discussion
Water Content and Proton Conductivity. The water content, λ (moles H2O/moles
SO3−), in p5PhSA was measured at 40 °C using a sorption balance at 0 – 90% relative
humidity (RH), Figure 6.2a. The water content is lower in p5PhSA than in Nafion at low
RH but increases more rapidly in p5PhSA at higher RH.42 There is a similar water content
of λ ~ 8 – 9 in both Nafion 117 and p5PhSA at 90% RH. The total weight gain at 90% RH
in p5PhSA is 62% (Figure E.1), which is comparable to many other hydrocarbon-based
PEMs that have a lower IEC (0.9 – 3.6 mmol/g).11,18 The highly hydrated p5PhSA films
remain intact and can be easily handled. In PEMs, the initial water uptake comes from
hydrogen bonding adsorption of H2O molecules to SO3H groups, until a stable hydration
shell is formed.1 The linear behavior of λ with RH corresponds to thermodynamic sorption
and the formation of multiple solvation shells around each SO3−.1 Above 50 – 60% RH, the
rapid water uptake in PFSA polymers is due to connected water clusters and growing
hydrophilic domains.1 We see similar behavior in p5PhSA, with a rapid increase in λ above
50% RH (Figure 6.2a) suggesting the morphology exhibits similar swelling behavior to
that in PFSA polymers. The high IEC of p5PhSA (4.2 mmol/g) indicates significantly more
water in p5PhSA at λ = 9 than in Nafion under the same hydration conditions. Using a 3rd
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order polynomial, we can estimate λ at any RH at 40 °C, which is particularly useful for
comparing the properties of p5PhSA to Nafion 117, as well as for comparing experiments
to atomistic MD simulations.1,10

Figure 6.2. Water uptake and proton conductivity of p5PhSA and of Nafion 117 for
comparison. (a) Water uptake (λ = moles H2O/mole SO3−) vs. % relative humidity at 40
°C. Nafion water uptake data is from the literature.42,43 Solid lines are fits to a 3rd order
polynomial. (b) Proton conductivity vs. % relativity humidity at 40 °C. (c) Proton
conductivity vs. water content, λ, at 40 °C.

The proton conductivity, σ, of p5PhSA shown in Figure 6.2b was measured by
electrochemical impedance spectroscopy (EIS) at 40 °C as a function of RH. As a
reference, the conductivity for Nafion 117 was measured, and the values are consistent
with the literature.9,10,19 Below 40% RH, the proton conductivity of p5PhSA is slightly
lower than that Nafion 117, but the conductivity increases significantly in p5PhSA at
higher RH. At 40 °C and 95% RH, the proton conductivity of p5PhSA is 0.28 S/cm, which
is 4 times higher than Nafion 117. Furthermore, the conductivity of p5PhSA is higher than
that of many other hydrocarbon-based PEMs reported in the literature, both at similar
conditions and when other PEMs are at higher temperatures or hydration levels, Figure
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E.4.3,8–10,18–20,44 The proton conductivity in p5PhSA is reversible with increasing and
decreasing humidity (Figure E.2), as is required for a fuel cell application. The
conductivities of p5PhSA and Nafion 117 at 40 °C are also compared as a function of water
content λ in Figure 6.2c; in this representation, p5PhSA outperforms Nafion 117 at all water
contents. The short side chains and high IEC apparently contribute to the high conductivity
in p5PhSA. When normalized by the IEC, the conductivity of p5PhSA and Nafion 117 are
extremely similar at all λ (Figure E.3). This suggests that the local proton transport in
p5PhSA is similar to that in Nafion 117, perhaps due to similarly strong nanophase
separation. The hydrophilic-hydrophobic phase separated morphology is known to be a
critical factor that affects proton conductivity in non-fluorinated hydrocarbons,3,7,12 so we
next present experiments and MD simulations that reveal the morphology of p5PhSA.
Morphology of p5PhSA under Humidity: Simulations and Experiments.
Atomistic MD simulations were performed for the p5PhSA polymers with eight repeat
units per chain. The sulfonic acid groups are assumed to be fully dissociated and the protons
are modeled as hydronium ions (H3O+). Using the MD simulations, we characterize the
structure of the p5PhSA systems by visualization of configurations and by calculating the
total scattering factor, S(q).48 Specifically, the simulations enable identification of the selfassembled morphological features over the range of water content from λ = 3 – 12 at 40
°C. Figure 6.3 shows snapshots of isodensity surfaces of p5PhSA at λ = 3 and λ = 9, with
blue hydrophilic domains (SO3−, H2O, H3O+) and yellow hydrophobic domains (C, H). The
MD simulations exhibit percolated hydrophilic domains at λ = 3, consisting of water
channels with SO3− groups located at the water-polymer interface. These domains continue
to increase in size as the channels swell with increasing water content. The MD isodensity
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surface snapshots clearly show that p5PhSA possesses strongly nanophase separated
morphologies with hydrophilic and hydrophobic co-continuous domains at all λ = 3 – 12
(Figure 6.3, Figure E.5).

Figure 6.3. Atomistic molecular dynamics simulation results. Snapshots of isodensity
surfaces of p5PhSA at (a) λ = 3 (box edge 8.7nm) and (b) λ = 9 (box edge 9.8 nm) at an
isodensity of 0.3. These and all other snapshots were rendered using VMD and Tachyon
ray tracing, with atomic radii set based on the by the van der Waals radius of the atom
species.45–47 The hydrophilic domains are shown in blue and the hydrophobic domains in
yellow. These co-continuous nanophases are shown together (top) and separately (bottom).
(c) Volume fraction of water including H3O+ vs. water content.

From the MD simulations we also found that the volume fraction of the hydrophilic
domains, Φwater, increases monotonically with water content; Φwater reaches ~47% at λ = 9,
which corresponds to ~95% RH, the highest experimental value from EIS measurements
(Figure 6.3c). Other hydrocarbon-based PEMs have been reported to have similar or higher
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Φwater that are > 50% at high λ.3 However, in Nafion 117, the Φwater under similar conditions
is only ~25%.1,49 A higher degree of swelling in p5PhSA is consistent with the higher EIC.
Swelling can be a drawback in PEMs, since swelling induces stresses that can fracture the
membrane or reduce proton conductivity.3 Note that the swelling behavior could be
reduced by light crosslinking, as needed. The co-continuous morphologies revealed by the
atomistic MD simulations are highly advantageous, because the hydrophobic domain
prevents the polymer from dissolving, while the continuous water nanodomain facilitates
efficient proton transport.
In situ X-ray scattering measurements were performed at 40 °C as a function of RH
on a p5PhSA film to characterize the morphology. The experimental scattering results
Exp

exhibit broad amorphous peaks centered at q ~ 12.5 nm-1 and peaks at q1

~ 2 – 3 nm-1,

resulting from the strong nanophase separation that produces ionic aggregates (Figure
6.4a). Even in the dry condition, a strong aggregate peak is evident, because the
morphology is highly uniform due to the precise spacing of the acid groups along the
polymer backbone50–53 and due to the high contrast of scattering length densities between
Exp

SO3– groups and hydrocarbon domains. The aggregate peak at q1

shifts to lower q with

increasing λ, which indicates swelling of the hydrophilic domains with water. The widths
Exp

of the q1

peaks are relatively constant, indicating that the aggregate morphology swells

while maintaining the structural uniformity that arises from the precise polymer. With
Exp

increasing λ, the intensity of the q1

peak decreases, disappears at λ = 8, and reappears at

λ = 10. As detailed below and described previously for sulfonated Diels Alder
Exp

polyphenylenes (SDAPP),18 the changing intensity of q1

172

is associated with changes in

the scattering contrast between the hydrophilic and hydrophobic nanoscale domains, rather
than with a loss of the co-continuous morphology.

Figure 6.4. Scattering results from experiments and simulations as a function of water
content for p5PhSA at 40 °C. (a) X-ray scattering data measured under controlled relative
humidity conditions: λ = 0, 1.4, 2.5, 3.4, 4.7, 6.2, 8, and 10 correspond to 0%, 28%, 48%,
60%, 71%, 81%, 90%, and 98% RH. (b) Total scattering function from MD simulations
for λ = 3, 4, 6, 9, and 12. Data in (a) and (b) are shifted vertically.

Exp

p5PhSA also exhibits a higher order peak at q2

(~ 4 – 6 nm-1), which is broader

and shifts to lower q as λ increases without decreasing in intensity. In PFSA polymers, a
second low-q peak has been attributed to various structural features such as the width of
the water channel or the distance separating SO3– groups.7,49 In Figure 6.4a the second peak
Exp

could have a similar origin or be a higher order peak of q1 , although future work is
Exp

required to resolve the origin of the peak at q2

in p5PhSA.
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To complement the experimental X-ray scattering data and provide insight into the
behavior of p5PhSA, we further analyze the atomistic MD simulations by computing the
total scattering factor following the procedure detailed in Appendix E. There is significant
qualitative agreement between the experiments and the total scattering from MD (Figure
6.4b). Consistent with the experiments, the simulations exhibit an amorphous peak at q ~
12.5 nm-1 at all water contents. The simulations also exhibit a lower q peak at qMD
, which
1,total
has a position and intensity that decreases as λ increases from 3 to 6, similar to the behavior
Exp

of q1

in the experimental results. As described next, the apparent lack of agreement in

the experimental and simulated scattering factors at higher water contents can be attributed
to the increased sensitivity of the low q scattering features associated with minor variations
in the mass densities from the MD simulations.
The full scattering function that is plotted in Figure 6.4b can be decomposed into
six partial scattering terms,
𝑆𝑡𝑜𝑡𝑎𝑙 (𝑞) = 𝑺𝒑𝒑 + 𝑺𝒔𝒔 + 𝑺𝒘𝒘 + 𝑺𝒘𝒑 + 𝑺𝒔𝒑 + 𝑺𝒘𝒔

(6.3)

where Spp is the scattering between C and H atoms in the polymers, Sss is the scattering
between the atoms in the SO3− groups, and Sww is the scattering between the atoms in the
water and hydronium ions. There are also three cross terms: Swp for atoms in H2O/H3O+
and polymer, Ssp for atoms in SO3− and polymer, and Sws for atoms in H2O/H3O+ and SO3−.
Note that Swp exhibits a large negative value, and the amplitudes of the partial scattering
functions exceed that of Stotal, Figure 6.5. Thus, small variations in the simulations (mass
density, force fields, and equilibration) can produce significant changes in Stotal particularly
at high l due to subtle cancellation effects in the terms in Equation (6.1), and this impedes
rigorous comparisons with experimental scattering results. In recognition of this limitation
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at l = 9 and 12, the Stotal data at q < 3 nm-1 is represented by a dashed line in Figure 6.4b.
We reported a similar limitation in our study of sulfonated Diels Alder polyphenylene
(SDAPP).18

Figure 6.5. Four of the partial scattering functions from p5PhSA MD simulations at (a) λ
= 3 and (b) λ = 9 at 40 °C. Notice that the S(q) scale is larger in part (b). Plots for all λ and
including the two additional partial scattering functions, Ssp and Sws, are provided in Figure
E.7. The total scattering function (black) is the sum of the six partial scattering functions.

While Stotal, as well as the experimental S(q), can be difficult to interpret directly
due to changes in the electron density contrast with increasing water content, the partial
scattering functions from MD simulations clearly demonstrate nanophase separation at all
water contents. With increasing l, the values of qMD
, qMD
, and qMD
decrease smoothly
1,pp
1,ww
1,wp
indicating a continuous increase in the characteristic distance between water channels,
Figure 6.6a (see also Figure E.8). Interestingly, the trend in qMD
correlates well with the
1,ww
Exp

trend in q1

from the X-ray scattering results. Figure 6.6b shows the characteristic lengths
Exp

d = 2π / q, with d 1

increasing from 1.9 to 3.1 nm with increasing l and d MD
1,ww having
175

similar values. d MD
1,ww is approximately consistent with the intra-aggregate spacing of the
hydrophilic domains in Figure 6.3.

Figure 6.6. Scattering results from MD simulations and experiments. (a) Scattering peak
positions from three partial scattering functions (qMD
, qMD
, qMD
) vs. water content. (b)
1,pp
1,ww
1,wp
Characteristic lengths d MD
1,ww associated with the hydrophilic domains in the MD
Exp

simulations and characteristic lengths d 1

from the aggregate peak in the X-ray

scattering.

To explore the shapes of the hydrophilic domains with increasing l, we compute
local, minimal cross-sectional areas to quantify the breadth of the water channels. This is
defined by the plane of minimal area that passes through a given oxygen atom and is fully
contained within the aqueous region; see Appendix E for details. A histogram of the local
cross-sectional areas broadens and shifts to higher values with increasing l, Figure 6.7. At
λ = 3 the distribution exhibits a sharp peak near 0.9 nm2 that rapidly falls off for larger
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areas, indicating fairly uniform nanoscale confinement within the water channels, with a
mean and standard deviation of 0.9 ± 0.5 nm2. At higher water content, the distribution of
areas broadens to larger local cross-sectional areas while the local maximum in the
histogram shifts toward 2 nm2. At the highest water content, λ = 12, the local cross-sectional
areas span from 1 nm2 to > 15 nm2, with a mean and standard deviation of 7.8 ± 1.7 nm2,
indicating both less overall confinement than at lower λ and a wide distribution of local
confinement. The persistence of local cross-sectional areas < 3 nm2 suggests that even at
high water contents, there are local regions with small cross-sectional areas within the
hydrophilic domains that might slow locally water and proton transport. The increase in
local cross-sectional area with increasing λ correlates with the conductivity measurements,
Figure 2b.

Figure 6.7. Probability distribution histograms for the local cross-sectional areas of the
aqueous domains surrounding each oxygen atom, for each λ. The mean ± standard
deviation of each of these distributions is: λ=3, 0.9 ± 0.5 nm2; λ=4, 1.3 ± 0.6 nm2; λ=6, 2.4
± 1.0 nm2; λ=9, 4.6 ± 1.2 nm2; and λ=12, 7.8 ± 1.7 nm2.
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Finally, we investigate the local environment of the hydronium ions in the MD
simulations. The H3O+ ions in PEMs coordinate via H-bonding with neighboring water
molecules and SO3− groups. From our MD simulations we calculate the distribution of the
number of oxygen atoms in SO3− groups (NOs) and in water molecules (NOw) that are
coordinated with each H3O+ ion, Figure 6.8 and Figure E.11; see Appendix E for details.
At λ = 3, the average oxygen coordination number of the hydronium ions is 5.5 ± 1.7, with
a significant preference for coordination with SO3− groups. Upon increasing the water
content to λ = 9, the average oxygen coordination number is relatively unchanged at 5.7 ±
1.7, although now water coordination is strongly preferred. As expected, swelling with
water leads to greater H3O+ solvation by water molecules. Additionally, at λ = 9 many of
the H3O+ are not coordinated to any SO3− groups (NOs = 0), indicating that hydronium ions
are surrounded by at least one water solvation shell. This hydronium coordination behavior
for p5PhSA is qualitatively similar to that found previously for SDAPP with quantitative
differences probably arising from the greater backbone flexibility of p5PhSA.54 Overall,
the observed solvation of H3O+ by neighboring water molecules is critical for rapid proton
transport, because this leads to more bulk-like motion of the water molecules, as well as
more hopping sites for the proton to travel via the Grotthuss mechanism.
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Figure 6.8. Probability distributions for (a) λ = 3 and (b) λ = 9 of coordination of H3O+
molecules with the number of oxygens in SO3– (NOs) and oxygens in water (NOw). The
dashed line indicates an equal probability. Distributions for all λ can be found in Figure
E.11.

Water and Hydronium Dynamics from Atomistic MD Simulations. In addition
to the structural information discussed above, we use the MD simulations to study the
dynamics of water in p5PhSA. While the simulations do not account for the Grotthuss
mechanism, the MD simulations capture the vehicular water and hydronium dynamics. We
calculate the translational diffusion coefficient for the water molecules, DMD
H2 O , from their
mean squared displacements. All the systems simulated (λ ≥ 3) have percolated hydrophilic
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domains and have well-defined diffusion coefficients (Figure E.15). We also extract the
average water rotational time, 𝜏HMD
, which is affected by confinement and proximity to the
2O
sulfonate groups. Water rotation is an intrinsic part of water dynamics, because as a water
molecule switches H-bonds with its neighbors it must rotate. We plot these values
normalized by their corresponding simulated values in bulk water as a function of λ-1, the
inverse of the water content, which describes the confinement level of the water
molecules,55 Figure 6.9. We also include data from a previously simulated sulfonated
polymer, p21SA. The polymer p21SA was simulated in both the crystalline state, which
forms layered hydrophilic domains, and in the amorphous state, which forms a disordered
percolated water network.10
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Figure 6.9. Water dynamics from MD simulations at 40 °C. (a) Schematics of p5PhSA
(IEC=4.2 mmol/g) and p21SA (IEC=2.7 mmol/g). (b) Rotational frequency, (τ -1 )MD
H2 O
normalized by the bulk water value for p5PhSA and both crystalline and amorphous
p21SA.10 (c) Diffusion coefficient of H2O, DMD
H2 O , normalized by the bulk water diffusion
coefficient. Data for p21SA is from the literature.10

MD
Both (τ -1 )MD
H2 O and DH2 O values for p5PhSA extrapolate to the corresponding values

in bulk H2O at λ-1 = 0 and exhibit an exponential decay with λ-1. The slower water dynamics
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with decreasing water content is consistent with the motion of the water molecules being
slowed by nanoscale confinement effects and by the attractions to the sulfonate-lined edges
of the water channels. Conversely, as water content increases, a higher fraction of the water
molecules will exhibit bulk-like behavior. While crystalline p21SA has water layers and
amorphous p21SA has percolated water channels, their (τ -1 )MD
H2 O values are similar and
-1
-1 MD
extrapolate to (τ -1 )MD
H2 O-bulk . However, the slope of (τ )H2 O vs. λ is 4 times steeper for the

p21SA systems than for p5PhSA. We attribute this to the difference in IEC and overall
water content: the IEC is 2.7 mmol/g for p21SA and 4.2 mmol/g for p5PhSA. Thus,
p5PhSA contains more water at a given λ resulting in a higher fraction of bulk-like
behavior.
By taking the square root of the local cross-sectional area distributions, we can
estimate the mean width of the percolated channels in p5PhSA, approximately 1.0 − 2.1
nm for λ = 3 – 9. This is larger than the thicknesses of the hydrated layers in p21SA, which
range from 0.5 − 1.4 nm for λ = 3 – 10,10 and is further evidence that the shallow slope of
(τ -1 )MD
H2 O in p5PhSA is primarily a result of higher water content. Similarly, we attribute
the faster water diffusion, DMD
H2 O , found in p5PhSA to higher water content. In addition,
both p5PhSA and crystalline p21SA have DMD
H2 O values that extrapolate to the diffusion
coefficient of bulk H2O at λ-1 = 0. Several experimental studies of Nafion have also shown
water diffusion coefficients that extrapolate to the bulk water diffusion coefficient with
increasing water content.1,56 However, DMD
H2 O in amorphous p21SA does not extrapolate to
the bulk H2O value, which was attributed to nonuniformity and constrictions in the water
channels.10 This suggests that although p5PhSA is also amorphous, it may have a greater
uniformity in its water channels than does amorphous p21SA. Furthermore, the faster water
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dynamics in p5PhSA relative to p21SA in the atomistic MD simulations is consistent with
p5PhSA having higher proton conductivity than p21SA experimentally, 0.28 S/cm for
p5PhSA as compared with 0.09 S/cm for p21SA10 at 40 °C and 95% RH.
To compare the proton transport between simulations and experiments, we use the
hydronium diffusion coefficient from the MD simulations, DMD
H3 O+ , and the proton diffusion
MD
coefficient calculated from the experimental conductivity, DExp
σ . While DH3 O+ only

includes vehicular transport and proton association with SO3– groups, DExp
also includes
σ
18,56
the Grotthuss mechanism. We define DExp
σ using the Nernst-Einstein:

𝑅𝑇

DσExp = 𝛬 𝑧 2𝐹2

(6.4)

where Λ is the volumetric molar conductivity, z is the charge of an electron, F is Faraday’s
constant, and R is the gas constant. The molar volume was determined from the
simulations, using a density of dry p5PhSA of 1.28 g/cm3. We note that while the NernstEinstein equation is only rigorously valid in dilute and homogeneous solutions of ionic
salts, it is commonly used to describe water and ion transport in proton exchange
membranes,1 as we do here with p5PhSA. Additionally, note that the MD simulations have
reached the diffusive regime for the hydronium diffusion with DMD
H3 O+ calculated over 0.25
μs, and the conductivity plateau in the EIS measurements occurs around 3 x 10 5 Hz,
corresponding to a time scale of 3 μs, so these two measures of proton transport probe
similar time scales.
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Figure 6.10. Normalized experimental proton conductivity diffusion coefficient DExp
σ and
normalized H3O+ diffusion from MD simulations DMD
H3 O+ in p5PhSA.

Due to slight differences in the bulk diffusion coefficient of H2O in the experiments
and in the MD simulations (3.2 × 10-5 cm2/s and 2.9 × 10-5 cm2/s at 40 °C, respectively),
MD
57
we normalize DExp
σ and DH3 O+ by the bulk water diffusion coefficient, Figure 10.

DMD
Bulk H2 O was calculated from a 20 ns simulation containing ~6000 water molecules and
Exp

DBulk H2 O was obtained from the literature.58 The diffusion coefficients exhibit similar
qualitative behavior, with a steeper slope at lower water content. However, DExp
is larger
σ
than DMD
H3 O+ at all water contents, which is consistent with the Grotthuss mechanism being
present only in the experiments and leading to faster proton diffusion compared to pure
MD
vehicular transport.1,3–6 Similarly, the fact that DExp
is higher than DMD
σ
H3 O+ or DH2 O , as a

result of the Grotthuss mechanism, has been previously found in Nafion as well as in
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p21SA.10,18,56,59 In this study, the comparison of DExp
and DMD
σ
H3 O+ provides additional
confidence of faster proton transport in p5PhSA compared to Nafion or p21SA.
Overall, the water dynamics in our MD simulations indicate that the strong
nanoscale phase separation in hydrated p5PhSA is consistent with the experimentally
observed high proton conductivity. As the characteristic size of the co-continuous
hydrophilic domains d MD
1,ww and the mean local cross-sectional area both increase with
increasing water content, the water dynamics tend toward bulk behavior. This is because
more water molecules are locally surrounded by water molecules rather than by the
sulfonate groups at the hydrophilic / hydrophobic interface. Thus, the changes in water
dynamics and nanoscale morphology are consistent with one another.

6.4. Conclusions
Using a combination of experiments and atomistic MD simulations, we
characterized the nanoscale morphology and water and proton dynamics in p5PhSA, a
precise polymer synthesized by ROMP and post-polymerization modifications. There is
strong nanophase separation between the percolated hydrophobic and hydrophilic domains
in p5PhSA, a morphology that has previously been a challenge to achieve in hydrocarbonbased PEMs. We attribute this co-continuous morphology to the unique combination of a
flexible, all-carbon polyethylene backbone and phenylsulfonic acid branches. While the
precision of p5PhSA is highly advantageous for experimental and simulation studies,
similar chemistries with non-precise architectures may also produce strongly segregated
and co-continuous self-assembled morphologies. The proton conductivity of p5PhSA is
0.28 S/cm at 40 °C and 95% RH. This conductivity is 4 times greater than Nafion 117 and
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exceeds that of many other hydrocarbon-based PEMs reported in the literature at similar
conditions. From atomistic MD simulations, water diffusion rates increase with water
content and are consistent with changes in the nanoscale morphology that reduce the
influence of the hydrophilic / hydrophobic interface. This water diffusion is correlated with
the measured proton conductivity providing a physical basis for the remarkable proton
conductivity of p5PhSA. Thus, this work establishes that the high ion concentration and
strong nanophase separation of p5PhSA produce exceptional proton conductivity across a
range of water contents. These results, along with the scalability and flexibility of ROMP
synthesis, suggest p5PhSA and similar polymers as attractive candidates for fluorine-free
proton exchange membranes.

186

6.5. References
(1)

Kusoglu, A.; Weber, A. Z. New Insights into Perfluorinated Sulfonic-Acid
Ionomers. Chem. Rev. 2017, 117 (3), 987–1104.

(2)

Allen, F. I.; Comolli, L. R.; Kusoglu, A.; Modestino, M. A.; Minor, A. M.; Weber,
A. Z. Morphology of Hydrated As-Cast Nafion Revealed through Cryo Electron
Tomography. ACS Macro Lett. 2015, 4 (1), 1–5.

(3)

Byun, G. H.; Kim, J. A.; Kim, N. Y.; Cho, Y. S.; Park, C. R. Molecular Engineering
of Hydrocarbon Membrane to Substitute Perfluorinated Sulfonic Acid Membrane
for Proton Exchange Membrane Fuel Cell Operation. Mater. Today Energy 2020,
17, 100483.

(4)

Park, C. H.; Lee, C. H.; Sohn, J. Y.; Park, H. B.; Guiver, M. D.; Lee, Y. M. Phase
Separation and Water Channel Formation in Sulfonated Block Copolyimide. J.
Phys. Chem. B 2010, 114 (37), 12036–12045.

(5)

Peighambardoust, S. J.; Rowshanzamir, S.; Amjadi, M. Review of the Proton
Exchange Membranes for Fuel Cell Applications; Elsevier Ltd, 2010; Vol. 35.

(6)

Choi, P.; Jalani, N. H.; Datta, R. Thermodynamics and Proton Transport in Nafion.
J. Electrochem. Soc. 2005, 152 (3), E123.

(7)

Park, C. H.; Kim, T. H.; Nam, S. Y.; Hong, Y. T. Water Channel Morphology of
Non-Perfluorinated Hydrocarbon Proton Exchange Membrane under a Low
Humidifying Condition. Int. J. Hydrogen Energy 2019, 44 (4), 2340–2348.

(8)

Takamuku, S.; Jannasch, P. Properties and Degradation of Hydrocarbon Fuel Cell
Membranes: A Comparative Study of Sulfonated Poly(Arylene Ether Sulfone)s
with Different Positions of the Acid Groups. Polym. Chem. 2012, 3 (5), 1202–1214.

187

(9)

Wang, Z.; Ni, H.; Zhao, C.; Zhang, M.; Na, H. Physical and Electrochemical
Behaviors of Directly Polymerized Sulfonated Poly(Arylene Ether Ketone
Sulfone)s Proton Exchange Membranes with Different Backbone Structures. J.
Appl. Polym. Sci. 2009, 112, 858–866.

(10)

Trigg, E. B.; Gaines, T. W.; Maréchal, M.; Moed, D. E.; Rannou, P.; Wagener, K.
B.; Stevens, M. J.; Winey, K. I. Self-Assembled Highly Ordered Acid Layers in
Precisely Sulfonated Polyethylene Produce Efficient Proton Transport. Nat. Mater.
2018, 17 (8), 1–7.

(11)

Shin, D. W.; Guiver, M. D.; Lee, Y. M. Hydrocarbon-Based Polymer Electrolyte
Membranes: Importance of Morphology on Ion Transport and Membrane Stability.
Chem. Rev. 2017, 117 (6), 4759–4805.

(12)

Cui, S.; Liu, J.; Selvan, M. E.; Paddison, S. J.; Keffer, D. J.; Edwards, B. J.
Comparison of the Hydration and Diffusion of Protons in Perfluorosulfonic Acid
Membranes with Molecular Dynamics Simulations. J. Phys. Chem. B 2008, 112
(42), 13273–13284.

(13)

Kendrick, A.; Neary, W. J.; Delgado, J. D.; Bohlmann, M.; Kennemur, J. G.
Precision Polyelectrolytes with Phenylsulfonic Acid Branches at Every Five
Carbons. Macromol. Rapid Commun. 2018, 39 (14), 1–7.

(14)

Neary, W. J.; Kennemur, J. G. A Precision Ethylene-Styrene Copolymer with High
Styrene Content from

Ring-Opening

Metathesis

Polymerization of 4-

Phenylcyclopentene. Macromol. Rapid Commun. 2016, 37 (12), 975–979.
(15)

Kennemur, J. G.; Neary, W. J. Polystyrene Sulfonate Analogs and Methods.
10640587, 2020.

188

(16)

Kieber, R. J.; Neary, W. J.; Kennemur, J. G. Viscoelastic, Mechanical, and
Glasstomeric Properties of Precision Polyolefins Containing a Phenyl Branch at
Every Five Carbons. Ind. Eng. Chem. Res. 2018, 57 (14), 4916–4922.

(17)

Paren, B. A.; Thurston, B. A.; Neary, W. J.; Kendrick, A.; Kennemur, J. G.;
Stevens, M. J.; Frischknecht, A. L.; Winey, K. I. Percolated Ionic Aggregate
Morphologies and Decoupled Ion Transport in Precise Sulfonated Polymers
Synthesized by Ring-Opening Metathesis Polymerization. Macromolecules 2020,
53 (20), 8960–8973.

(18)

Sorte, E. G.; Paren, B. A.; Rodriquez, C. G.; Fujimoto, C.; Poirier, C.; Lauren, J.;
Lynd, N. A.; Winey, K. I.; Frischknecht, A. L.; Alam, T. M.; et al. Impact of
Hydration and Sulfonation on the Morphology and Ionic Conductivity of
Sulfonated Poly(Phenylene) Proton Exchange Membranes. Macromolecules 2019,
52 (3), 857–876.

(19)

Lee, K. S.; Jeong, M. H.; Lee, J. P.; Kim, Y. J.; Lee, J. S. Synthesis and
Characterization of Highly Fluorinated Cross-Linked Aromatic Polyethers for
Polymer Electrolytes. Chem. Mater. 2010, 22 (19), 5500–5511.

(20)

Zhang, X.; Hu, Z.; Luo, L.; Chen, S.; Liu, J.; Chen, S.; Wang, L. Graft-Crosslinked
Copolymers Based on Poly(Arylene Ether Ketone)-Gc-Sulfonated Poly(Arylene
Ether Sulfone) for PEMFC Applications. Macromol. Rapid Commun. 2011, 32
(14), 1108–1113.

(21)

Olsson, J. S.; Pham, T. H.; Jannasch, P. Poly(Arylene Piperidinium) Hydroxide Ion
Exchange Membranes: Synthesis, Alkaline Stability, and Conductivity. Adv. Funct.
Mater. 2018, 28 (2), 1–10.

189

(22)

Salas-De La Cruz, D.; Denis, J. G.; Griffith, M. D.; King, D. R.; Heiney, P. A.;
Winey, K. I. Environmental Chamber for in Situ Dynamic Control of Temperature
and Relative Humidity during X-Ray Scattering. Rev. Sci. Instrum. 2012, 83 (2).

(23)

Abraham, M. J.; Murtola, T.; Schulz, R.; Páll, S.; Smith, J. C.; Hess, B.; Lindahl,
E. GROMACS: High Performance Molecular Simulations through Multi-Level
Parallelism from Laptops to Supercomputers. SoftwareX 2015, 1–2, 19–25.

(24)

Pronk, S.; Páll, S.; Schulz, R.; Larsson, P.; Bjelkmar, P.; Apostolov, R.; Shirts, M.
R.; Smith, J. C.; Kasson, P. M.; van der Spoel, D.; et al. GROMACS 4.5: A HighThroughput and Highly Parallel Open Source Molecular Simulation Toolkit.
Bioinformatics 2013, 29 (7), 845–854.

(25)

Berendsen, H. J. C.; Spoel, D. van der; Drunen, R. van. GROMACS: A MessagePassing Parallel Molecular Dynamics Implementation. Comput. Phys. Commun.
1995, 91 (1–3), 43–56.

(26)

Abraham, M. J.; Van Der Spoel, D.; Lindahl, E.; Hess, B.; team, the G.
developement. GROMACS User Manual Version 2019.2; 2019.

(27)

Jorgensen, W. L.; Maxwell, D. S.; Tirado-Rives, J. Development and Testing of the
OPLS All-Atom Force Field on Conformational Energetics and Properties of
Organic Liquids. J. Am. Chem. Soc. 1996, 118 (45), 11225–11236.

(28)

Canongia Lopes, J. N.; Pádua, A. A. H.; Shimizu, K. Molecular Force Field for
Ionic Liquids IV: Trialkylimidazolium and Alkoxycarbonyl-Imidazolium Cations;
Alkylsulfonate and Alkylsulfate Anions. J. Phys. Chem. B 2008, 112 (16), 5039–
5046.

(29)

Siu, S. W. I.; Pluhackova, K.; Böckmann, R. A. Optimization of the OPLS-AA

190

Force Field for Long Hydrocarbons. J. Chem. Theory Comput. 2012, 8 (4), 1459–
1470.
(30)

Abascal, J. L. F.; Vega, C. A General Purpose Model for the Condensed Phases of
Water: TIP4P/2005. J. Chem. Phys. 2005, 123 (23), 234505.

(31)

Sagnella, D. E.; Voth, G. A. Structure and Dynamics of Hydronium in the Ion
Channel Gramicidin A. Biophys. J. 1996, 70 (5), 2043–2051.

(32)

Essmann, U.; Perera, L.; Berkowitz, M. L.; Darden, T.; Lee, H.; Pedersen, L. G. A
Smooth Particle Mesh Ewald Method. J. Chem. Phys. 1995, 103 (19), 8577–8593.

(33)

Leontyev, I. V.; Vener, M. V.; Rostov, I. V.; Basilevsky, M. V.; Newton, M. D.
Continuum Level Treatment of Electronic Polarization in the Framework of
Molecular Simulations of Solvation Effects. J. Chem. Phys. 2003, 119 (15), 8024–
8037.

(34)

Leontyev, I. V.; Stuchebrukhov, A. A. Electronic Continuum Model for Molecular
Dynamics Simulations of Biological Molecules. J. Chem. Theory Comput. 2010, 6
(5), 1498–1508.

(35)

Ryckaert, J.-P.; Ciccotti, G.; Berendsen, H. J. . Numerical Integration of the
Cartesian Equations of Motion of a System with Constraints: Molecular Dynamics
of n-Alkanes. 1977, 23 (3), 327–341.

(36)

Hockney, R. .; Goel, S. .; Eastwood, J. . Quiet High-Resolution Computer Models
of a Plasma. J. Comput. Phys. 1974, 14 (2), 148–158.

(37)

Abbott, L. J.; Frischknecht, A. L. Nanoscale Structure and Morphology of
Sulfonated Polyphenylenes via Atomistic Simulations. Macromolecules 2017, 50
(3), 1184–1192.

191

(38)

Bussi, G.; Donadio, D.; Parrinello, M. Canonical Sampling through Velocity
Rescaling. J. Chem. Phys. 2007, 126 (1).

(39)

Berendsen, H. J. C.; Postma, J. P. M.; van Gunsteren, W. F.; DiNola, A.; Haak, J.
R. Molecular Dynamics with Coupling to an External Bath. J. Chem. Phys. 1984,
81 (8), 3684–3690.

(40)

Gowers, R. J.; Linke, M.; Barnoud, J.; Reddy, T. J. E.; Melo, M. N.; Seyler, S. L.;
Domański, J.; Dotson, D. L.; Buchoux, S.; Kenney, I. M. MDAnalysis: A Python
Package for the Rapid Analysis of Molecular Dynamics Simulations. In
Proceedings of the 15th Python in Science Conference; Benthall, S., Ed.; 2016; pp
98–105.

(41)

Lam, S. K.; Pitrou, A.; Seibert, S. Numba: A LLVM-Based Python JIT Compiler.
In Proceedings of the second workshop on the LLVM compiler infrastructure in
HPC; LLVM ’15; Association for Computing Machinery: New York, NY, USA,
2015.

(42)

Zawodzinski, T. A.; Derouin, C.; Radzinski, S.; Sherman, R. J.; Smith, V. T.;
Springer, T. E.; Gottesfeld, S. Water Uptake by and Transport Through Nafion®
117 Membranes. J. Electrochem. Soc. 1993, 140 (4), 1041–1047.

(43)

Yin, Y.; Fanga, J.; Cui, Y.; Tanaka, K.; Kita, H.; Okamoto, K. ichi. Synthesis,
Proton Conductivity and Methanol Permeability of a Novel Sulfonated Polyimide
from 3-(2′,4′-Diaminophenoxy)Propane Sulfonic Acid. Polymer (Guildf). 2003, 44
(16), 4509–4518.

(44)

Kim, Y. S.; Einsla, B.; Sankir, M.; Harrison, W.; Pivovar, B. S. Structure-PropertyPerformance Relationships of Sulfonated Poly(Arylene Ether Sulfone)s as a

192

Polymer Electrolyte for Fuel Cell Applications. Polymer (Guildf). 2006, 47 (11),
4026–4035.
(45)

Mantina, M.; Chamberlin, A. C.; Valero, R.; Cramer, C. J.; Truhlar, D. G.
Consistent van Der Waals Radii for the Whole Main Group. J. Phys. Chem. A 2009,
113 (19), 5806–5812.

(46)

Stone, J. An Efficient Library For Parallel Ray Tracing And Animation, University
of Missouri--Rolla.

(47)

Humphrey, W.; Dalke, A.; Schulten, K. VMD: Visual Molecular Dynamics. J. Mol.
Graph. 1996, 14 (1), 33–38.

(48)

Humphrey, W.; Dalke, A.; Schulten, K. Sartorius Products. J. Mol. Graph. 1996,
14 (October 1995), 33–38.

(49)

Kreuer, K. D.; Portale, G. A Critical Revision of the Nano-Morphology of Proton
Conducting Ionomers and Polyelectrolytes for Fuel Cell Applications. Adv. Funct.
Mater. 2013, 23 (43), 5390–5397.

(50)

Seitz, M. E.; Chan, C. D.; Opper, K. L.; Baughman, T. W.; Wagener, K. B.; Winey,
K. I. Nanoscale Morphology in Precisely Sequenced Poly(Ethylene- Co -Acrylic
Acid) Zinc Ionomers. J. Am. Chem. Soc. 2010, 132 (23), 8165–8174.

(51)

Buitrago, C. F.; Bolintineanu, D. S.; Seitz, M. E.; Opper, K. L.; Wagener, K. B.;
Stevens, M. J.; Frischknecht, A. L.; Winey, K. I. Direct Comparisons of X-Ray
Scattering and Atomistic Molecular Dynamics Simulations for Precise Acid
Copolymers and Ionomers. Macromolecules 2015, 48 (4), 1210–1220.

(52)

Frischknecht, A. L.; Winey, K. I. The Evolution of Acidic and Ionic Aggregates in
Ionomers during Microsecond Simulations. J. Chem. Phys. 2019, 150 (6), 064901.

193

(53)

Middleton, L. R.; Tarver, J. D.; Cordaro, J.; Tyagi, M.; Soles, C. L.; Frischknecht,
A. L.; Winey, K. I. Heterogeneous Chain Dynamics and Aggregate Lifetimes in
Precise

Acid-Containing

Polyethylenes:

Experiments

and

Simulations.

Macromolecules 2016, 49 (23), 9176–9185.
(54)

Abbott, L. J.; Frischknecht, A. L. Nanoscale Structure and Morphology of
Sulfonated Polyphenylenes via Atomistic Simulations. Macromolecules 2017, 50
(3), 1184–1192.

(55)

Santos, L. Dos; Maréchal, M.; Guillermo, A.; Lyonnard, S.; Moldovan, S.; Ersen,
O.; Sel, O.; Perrot, H.; Laberty-Robert, C. Proton Transport in Electrospun Hybrid
Organic-Inorganic Membranes: An Illuminating Paradox. Adv. Funct. Mater. 2016,
26 (4), 594–604.

(56)

Kreuer, K.-D.; Dippel, T.; Meyer, W.; Maier, J. Nafion® Membranes: Molecular
Diffusion, Proton Conductivity and Proton Conduction Mechanism. In MRS Online
Proc. Libr.; 1993; Vol. 293, pp 273–282.

(57)

Holz, M.; Heil, S. R.; Sacco, A. Temperature-Dependent Self-Diffusion
Coefficients of Water and Six Selected Molecular Liquids for Calibration in
Accurate 1H NMR PFG Measurements. Phys. Chem. Chem. Phys. 2000, 2 (20),
4740–4742.

(58)

Yoshida, K.; Matubayasi, N.; Nakahara, M. Self-Diffusion Coefficients for Water
and Organic Solvents at High Temperatures along the Coexistence Curve. J. Chem.
Phys. 2008, 129 (21).

(59)

Kreuer, K. D. On the Development of Proton Conducting Materials for
Technological Applications. Solid State Ionics 1997, 97 (1–4), 1–15.

194

CHAPTER 7.

CONCLUSIONS AND FUTURE WORK

7.1 Conclusions
Being able to control and accurately characterize the nanoscale morphologies in
functionalized polymers is critical for their development as solid polymer electrolytes and
proton exchange membranes. Precise polymers have the ability to self-assemble into
nanoscale aggregates that can act as pathways for the transport of ions, separate from the
polymer backbone. This thesis explores percolated and layered aggregate morphologies in
several precise polymers, and correlates this with their ion or proton transport properties.
Chapter 2 studies the ion transport and morphology in cationic polymers based on
tris(dialkyl)aminocyclopropenium ions tethered onto polystyrene (PS-TAC) and Cl–
counterions. The TAC functional groups vary in size, polarity, and geometry. All of these
polymerized ionic liquids (PILs) exhibit decoupled ion transport below Tg, and have
varying degrees of nanophase ordering, depending on the cation. Among the PS-TACs with
nonpolar, non-linear functional groups, there is a slight reduction in conductivity with
increasing cation size. The geometry of the functional groups plays a significant role in the
ion conductivity, with the linear functional groups (Bu and EtOMe) having conductivity 12 orders of magnitude lower than the other systems. While this PIL is an anion conductor,
changing a number of variables in this tunable PS-TAC system provides insights toward
developing fundamental design rules for highly conductive polymer electrolytes, including
metal cation conductors.
Chapter 3 demonstrates the ability of self-assembled percolated ionic aggregates to
serve as efficient pathways for cation transport in glassy polymer matrices. This chapter
investigates a set of polyethylenes with sulfophenylated groups precisely spaced on every
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5th carbon, p5PhSA-X, (X=Li+, Na+, Cs+), which was synthesized with a scalable ROMP
synthesis. Using a combination of X-ray scattering and atomistic MD simulations, it is
shown that these glassy polymers exhibit percolated ionic aggregates, which have varying
degrees of local shape anisotropy, with p5PhSA-Li and p5PhSA-Na having predominately
ribbon-like and planar subclusters, while p5PhSA-Cs subclusters are more isotropic.
Electrochemical impedance spectroscopy was used to show that the p5PhSA-X polymers
have conductivities of 10-7 –10-6 S/cm at 180 °C, and follow Arrhenius behavior. This, in
combination with dynamics from the MD simulations, illustrates that cation transport is
decoupled from the amorphous polymer backbone, and is facilitated by the percolated
aggregate.
Chapter 4 studies the decoupled transport of metal cations within layered
aggregates, in contrast to the percolated aggregates studied in Chapter 3. A set of telechelic
polyethylenes with exactly 48 backbone carbons, end-functionalized with Li+- or Na+sulfonate form highly ordered layered aggregate morphologies that facilitate ion transport
when the backbone is crystalline. The hexagonal packing of the polymer backbones in
C48(SO3Li)2 and C48(SO3Na)2 is more favorable for ion transport than the low-temperature
disordered chain packing and orthorhombic crystals. The Ea for decoupled ion transport in
C48(SO3Na)2 is 53 kJ/mol, which is lower than that of C48(SO3Li)2 and C46(COONa)2 and
confirms the superior ion transport properties of the Na+ compared to Li+, and the SO3–
anion compared to COO–. This activation energy is also lower in C48(SO3Na)2 than in
p5PhSA-Na, suggesting that the local transport within the layered SO3Na aggregate is more
favorable for ion transport than is a disordered percolated aggregate for the same ionic
groups. While there are still significant barriers to overcome in increasing the conductivity
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in these sulfonated telechelics, such as reducing grain boundaries or interfaces, this study
demonstrates the potential of rapid ion transport in crystalline solid polymer electrolytes
with layered ionic aggregates.
Chapter 5 again investigates the layered aggregate morphology of telechelic
polyethylenes but as it pertains to the anhydrous transport of protons. The goal of these
polymers is to access proton transport at temperatures above 100 °C, which cannot be
reached by conventional hydrated proton exchange membranes. Phosphonic acidterminated polyethylene telechelics with precise chain lengths of 26 and 48 carbons, were
studied. C26PA2 and C48PA2 exhibit layered aggregates when the backbone is crystalline,
and these layers persist when the backbone melts, and the polymers are in a liquid
crystalline state. The polymers exhibit Arrhenius conductivity in this regime, suggesting
that the proton transport is dominated by decoupled motion within the acid layers. When
the C48PA2 aggregates become disordered at temperatures > 145 °C, there is a significant
loss in conductivity, demonstrating the beneficial impact of the layered aggregate
morphology on the proton conductivity. The proton conductivity of ~ 10-4 S/cm at 140 °C
in both C26PA2 and C48PA2 is comparable to other anhydrous, phosphonated proton
conductors in literature. This suggests phosphonic acid functionalized materials with selfassembled nanoscale layers have promise in the development of next-generation,
anhydrous proton exchange membranes.
Chapter 6 investigates the proton transport in a hydrated polymer that forms
disordered aggregates, p5PhSA, which is the acid form analogue of the cation conductors
studied in Chapter 3. p5PhSA is proposed as a hydrocarbon-based, fluorine free alternative
to Nafion, due to the scalable ROMP chemistry to synthesize p5PhSA and its rapid proton
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transport properties. A combination of experiments and atomistic MD simulations
demonstrate strong nanophase separation between the percolated hydrophobic and
hydrophilic domains in p5PhSA. This co-continuous morphology is due to the unique
combination of a flexible, all-carbon polyethylene backbone and phenylsulfonic acid
branches and leads to the high conductivity in p5PhSA of 0.28 S/cm at 40 °C and 95% RH.
This conductivity is 4 times greater than Nafion 117, and exceeds that of many other
hydrocarbon-based PEMs reported in the literature at similar conditions. This rapid proton
transport in p5PhSA correlates with the water diffusion through the hydrophilic domains
determined in the MD simulations. Thus, this work establishes that the high ion
concentration and strong nanophase separation of p5PhSA produce exceptional proton
conductivity across a range of water contents.

7.2 Future Work
This thesis established that the p5PhSA-X polymers form disordered percolated
aggregates and the monodisperse telechelic polyethylenes form layered aggregates. These
morphologies serve as pathways for proton or ion transport. While the conductivity of
metal cations in these polymers is decoupled from the glassy or crystalline polymer
backbone, their conductivity is significantly lower than commercial electrolytes. To make
these materials more viable solid polymer electrolytes candidates while maintaining the
decoupled transport properties, it is critical to explore different methods of enhancing the
conductivity. Additionally, it has been demonstrated that p5PhSA is an excellent proton
conductor but we have not yet optimized its properties as a membrane in a fuel cell. These
two areas merit further investigation in future studies and are discussed below.
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Alternative Functional Groups for Higher Conductivity. One route to enhance
ion conductivity in these precise polymers while maintaining the percolated or layered
aggregate morphology, is to replace the sulfonate anion with a functional group that has
greater dissociation from the cations. Conductivity is enhanced when functionalizing
polystyrene with TFSI– as compared to lithium polystyrene sulfonate. This significant
difference in conductivity is attributed to the enhanced flexibility and delocalized negative
charge distribution of the TFSI– compared to SO3–.1,2 For the metal cation conductors, it
may be possible to functionalize p5Ph or the C48 telechelics with more flexible, charge
delocalized groups that may be more favorable for ion transport than SO3–.1 These
functional groups may allow the continuous percolated aggregate, or layered structure to
persist, while having weaker interactions with the metal cations. The presence of these
groups may also introduce more backbone mobility, lowing the Tg or Tm of the polymers,
and leading to higher conductivities at lower temperatures.
While p5PhSA was studied as a proton conductor in the hydrated state, it may be
possible to functionalize the p5Ph polymer with phosphonic acid groups, to explore the
possibilities of that polymer as an anhydrous proton conductor under high temperature
conditions. The 3D and continuous nature of a percolated phosphonic acid aggregate may
lead to enhanced conductivity over what was found in the layered C48PA and C48PA.
The percolated morphology could also be useful in other applications, such as for
anion exchange membranes. By functionalizing the p5Ph polymer with a hydroxide
conductor such as a quarternized ammonium, it may be possible to maintain the excellent
nanophase separation of p5PhSA when hydrated, but used in a completely different
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application. This type of chemistry has already been reported for polystyrene-based, and
other phenylated anion exchange membranes.3–5
The p5Ph parent polymer and C48 polyethylene both lend themselves to be
functionalized after polymerization. For functionalizing the p5Ph polymer, it may be
possible to adapt a number of synthetic routes used for functionalizing polystyrene to add
new substituents to the parent polymer. The C48 telechelic polyethylene has already shown
an ability to be functionalized with carboxylates, sulfonates,6,7 and phosphonates, and thus
may be amenable to a number of other acid or ion-containing moieties. Table 7.1 includes
a summary of possible alternative functional groups to explore in future work for the C48
and p5Ph polymers and their potential applications.
Table 7.1. Summary of C48 and p5Ph polymers studied in this thesis, and potential
alternative functional groups and their applications.
Parent Polymer

This thesis/future
work

Functional Group, (R)

Future Work

-SO3Li
-SO3Na
-PO3H2
-TFSILi
-TFSINa
-SO3Li
-SO3Na
-SO3Cs
-SO3H + H2O
-TFSILi
-TFSINa
-PO3H2

Future Work

-N(Bu)4OH + H2O

This thesis
C48(R)2
Layers

This thesis
Future work
This thesis

p5Ph(R)
Percolated

This thesis
Future Work

Application
SPE (battery)
Anhydrous PEM
SPE (battery)
SPE (battery)
Hydrated PEM
SPE (battery)
Anhydrous PEM
Anion Exchange
Membrane

Swell Aggregates with Small Molecules to Promote Cation Transport. Another
possible route to improving decoupled metal cation transport is by swelling the ionic
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aggregates with small molecules. The acid form polymer p5PhSA shows that water greatly
enhances proton transport. Unfortunately, due to the negative interactions of water with
battery electrodes, water is not a practical option to use to hydrate the p5PhSA-X ionomers
to enhance ionic conductivity.8–10 However, the addition of other solvents or small
molecules may cause swelling in the p5PhSA-X aggregates that will facilitate faster ion
transport. Swelling of the C48(SO3X)2 telechelic polyethylenes may also be a possibility,
but could require additional processing to prevent the complete dissolution or separation
of the nanocrystals, which are bound together by the ionic channels. Ethylene carbonate is
commonly used in liquid electrolytes and has also been used as a plasticizer in solid
polymer electrolytes to enhance conductivity.11 Ethylene carbonate has a high dielectric
constant and high boiling point, making it an ideal candidate for enhancing dissociation of
ions as well as operating under high temperature conditions, which is well-suited for the
p5PhSA-X polymers. In fact, because Li+ will coordinate with ethylene carbonate, as well
as with the SO3– groups, some ion transport may be coupled with the diffusion of ethylene
carbonate through the aggregates, similar to the vehicular mechanism12 of proton transport
through water in p5PhSA. Attempting to swell p5PhSA-X ionomers with ethylene
carbonate and other high dielectric solvents, such as propylene carbonate, dimethyl
carbonate, and tetraglyme are worth exploring to determine their potential to enhance
transport of Li+.
Creating Blends or Block Copolymers for Enhanced Cation Conductivity. It
has been reported that some of the best performing polymer electrolytes are blends or block
copolymers that have a PEO-based conducting domain, the most common of which is a
polystyrene-PEO block copolymer.13–19 Because of the analogous nature of polystyrene
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and p5Ph, it is possible that blending p5PhSA-X, or other functionalized p5Ph polymers,
with PEO could equal or surpass the conductive properties of PS-PEO conducting block
copolymers. Blending the C48 metal sulfonates with PEO or an ion-conducting block
copolymer may also introduce new conducting pathways and present an opportunity to
eliminate some of the energy barriers of the grain boundaries in the C48 crystallites.
Furthermore, combining C48(SO3Na)2 or C48(SO3Li)2 with a more mobile polymer phase
may introduce the ability to align the telechelic crystals and create much longer continuous
pathways for ion transport.
Optimize p5PhSA for Use in a Membrane Electrode Assembly. The primary
intended application for p5PhSA is a proton exchange membrane (PEM) in a fuel cell, as
a potential replacement for Nafion, the industry standard. It has been established that the
proton transport properties of p5PhSA are superior to those of Nafion at similar conditions.
However, while the primary role of the membrane in a PEM fuel cell is as a charge carrier
for protons it also serves as an electronic insulator and a separator for reactant gases.
Several desirable properties for PEMs, beyond high proton conduction, include mechanical
stability, and electrochemical stability with the electrodes under operating under operating
conditions.20,21 It is necessary to incorporate p5PhSA in a membrane electrode assembly,
to test its long-term efficiency under operating conditions. Additionally, there have been a
number of efforts to optimize the properties of hydrocarbon-based PEMs, which include
blending and forming nanocomposites.22 By taking a similar approach and incorporating
p5PhSA with other polymers or nanoparticles, it may be possible to tune its thermal and
mechanical properties, to further optimize the material as a proton exchange membrane.

202

7.3. References
(1)

Ma, Q.; Zhang, H.; Zhou, C.; Zheng, L.; Cheng, P.; Nie, J.; Feng, W.; Hu, Y. S.;
Li, H.; Huang, X.; et al. Single Lithium-Ion Conducting Polymer Electrolytes
Based on a Super-Delocalized Polyanion. Angew. Chemie - Int. Ed. 2016, 55 (7),
2521–2525.

(2)

Zhang, H.; Li, C.; Piszcz, M.; Coya, E.; Rojo, T.; Rodriguez-Martinez, L. M.;
Armand, M.; Zhou, Z. Single Lithium-Ion Conducting Solid Polymer Electrolytes:
Advances and Perspectives. Chem. Soc. Rev. 2017, 46 (3), 797–815.

(3)

Li, D.; Park, E. J.; Zhu, W.; Shi, Q.; Zhou, Y.; Tian, H.; Lin, Y.; Serov, A.; Zulevi,
B.; Baca, E. D.; et al. Highly Quaternized Polystyrene Ionomers for High
Performance Anion Exchange Membrane Water Electrolysers. Nat. Energy 2020,
5 (5), 378–385.

(4)

Gupta,

G.;

Scott,

K.;

Mamlouk,

M.

Soluble

Polystyrene-b-Poly

(Ethylene/Butylene)-b-Polystyrene Based Ionomer for Anion Exchange Membrane
Fuel Cells Operating at 70 °C. Fuel Cells 2018, 18 (2), 137–147.
(5)

Zeng, Q. H.; Liu, Q. L.; Broadwell, I.; Zhu, A. M.; Xiong, Y.; Tu, X. P. Anion
Exchange Membranes Based on Quaternized Polystyrene-Block-Poly(EthyleneRan-Butylene)-Block-Polystyrene for Direct Methanol Alkaline Fuel Cells. J.
Memb. Sci. 2010, 349 (1–2), 237–243.

(6)

Rank, C.; Häußler, M.; Rathenow, P.; King, M.; Globisch, C.; Peter, C.; Mecking,
S. Anisotropic Extended-Chain Polymer Nanocrystals. Macromolecules 2019, 52
(16), 6142–6148.

(7)

Yan, L.; Hauler, M.; Bauer, J.; Mecking, S.; Winey, K. I.; Haussler, M.; Bauer, J.;

203

Mecking, S.; Winey, K. I. Monodisperse and Telechelic Polyethylenes Form
Extended Chain Crystals with Ionic Layers. Macromolecules 2019, 52 (13), 4949–
4956.
(8)

Zheng, L.-Q.; Li, S.-J.; Lin, H.-J.; Miao, Y.-Y.; Zhu, L.; Zhang, Z.-J. Effects of
Water Contamination on the Electrical Properties of 18650 Lithium-Ion Batteries.
Russ. J. Electrochem. 2014, 50 (9), 904–907.

(9)

Ren, X.; Wang, J.; Peng, Z.; Lu, L. Direct Monitoring of Trace Water in Li-Ion
Batteries Using: Operando Fluorescence Spectroscopy. Chem. Sci. 2017, 9 (1),
231–237.

(10)

Burns, J. C.; Sinha, N. N.; Jain, G.; Ye, H.; VanElzen, C. M.; Scott, E.; Xiao, A.;
Lamanna, W. M.; Dahn, J. R. The Impact of Intentionally Added Water to the
Electrolyte of Li-Ion Cells. J. Electrochem. Soc. 2013, 160 (11), A2281–A2287.

(11)

Ramesh, S.; Ling, O. P. Effect of Ethylene Carbonate on the Ionic Conduction in
Poly(Vinylidenefluoride-Hexafluoropropylene) Based Solid Polymer Electrolytes.
Polym. Chem. 2010, 1 (5), 702–707.

(12)

Borodin, O.; Smith, G. D. LiTFSI Structure and Transport in Ethylene Carbonate
from Molecular Dynamics Simulations. J. Phys. Chem. B 2006, 110 (10), 4971–
4977.

(13)

Irwin, M. T.; Hickey, R. J.; Xie, S.; So, S.; Bates, F. S.; Lodge, T. P. StructureConductivity Relationships in Ordered and Disordered Salt-Doped Diblock
Copolymer/Homopolymer Blends. Macromolecules 2016, 49 (18), 6928–6939.

(14)

Chintapalli, M.; Le, T. N. P.; Venkatesan, N. R.; Mackay, N. G.; Rojas, A. A.;
Thelen, J. L.; Chen, X. C.; Devaux, D.; Balsara, N. P. Structure and Ionic

204

Conductivity of Polystyrene-Block-Poly(Ethylene Oxide) Electrolytes in the High
Salt Concentration Limit. Macromolecules 2016, 49 (5), 1770–1780.
(15)

Nakamura, I.; Balsara, N. P.; Wang, Z. G. First-Order Disordered-to-Lamellar
Phase Transition in Lithium Salt-Doped Block Copolymers. ACS Macro Lett. 2013,
2 (6), 478–481.

(16)

Panday, A.; Mullin, S.; Gomez, E. D.; Wanakule, N.; Chen, V. L.; Hexemer, A.;
Pople, J.; Balsara, N. P. Effect of Molecular Weight and Salt Concentration on
Conductivity of Block Copolymer Electrolytes. Macromolecules 2009, 42 (13),
4632–4637.

(17)

Wanakule, N. S.; Panday, A.; Mullin, S. A.; Gann, E.; Hexemer, A.; Balsara, N. P.
Ionic Conductivity of Block Copolymer Electrolytes in the Vicinity of OrderDisorder and Order-Order Transitions. Macromolecules 2009, 42 (15), 5642–5651.

(18)

Patel, S. N.; Javier, A. E.; Stone, G. M.; Mullin, S. A.; Balsara, N. P. Simultaneous
Conduction of Electronic Charge and Lithium Ions in Block Copolymers. ACS
Nano 2012, 6 (2), 1589–1600.

(19)

Pelz, A.; Dörr, T. S.; Zhang, P.; De Oliveira, P. W.; Winter, M.; Wiemhöfer, H. D.;
Kraus, T. Self-Assembled Block Copolymer Electrolytes: Enabling Superior
Ambient Cationic Conductivity and Electrochemical Stability. Chem. Mater. 2019,
31 (1), 277–285.

(20)

Kim, Y. S.; Lee, K. S. Fuel Cell Membrane Characterizations. Polym. Rev. 2015,
55 (2), 330–370.

(21)

Miyano, Y.; Nakada, M.; Cai, H. Formulation of Long-Term Creep and Fatigue
Strengths of Polymer Composites Based on Accelerated Testing Methodology. J.

205

Compos. Mater. 2008, 42 (18), 1897–1919.
(22)

Byun, G. H.; Kim, J. A.; Kim, N. Y.; Cho, Y. S.; Park, C. R. Molecular Engineering
of Hydrocarbon Membrane to Substitute Perfluorinated Sulfonic Acid Membrane
for Proton Exchange Membrane Fuel Cell Operation. Mater. Today Energy 2020,
17, 100483.

206

APPENDIX A.

SUPPORTING INFORMATION FOR CHAPTER 2

A.1. Synthesis of PS-TAC
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Figure A.1. Schematic of the synthesis of the PS-TAC PILs.

The synthesis of PS-TAC 1 family were prepared by post polymerization
functionalization method, reported in the literature1–3 starting from commercially available
vinyl benzyl chloride 7. Vinyl benzyl chloride on reacting with methyl amine at 45 °C
result in vinyl benzyl methyl amine (6) followed by BOC anhydride protection yields 5.
BOC protected monomer (5) undergoes ATRP polymerization resulting in (4). Followed
by deprotection and reaction with functionalized cyclopropenium derivative (2)3 results in
library of PS-TAC 1.
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A.2. NMR Spectra
1

H spectra were recorded in CDCl3 (except where noted in Experimental Methods)

on a Bruker AMX-300, AMX-400, or AMX-500 spectrometer. Data for 1H NMR are
reported with chemical shift in reference to residual CHCl3 at 7.26 ppm (δ ppm). The NMR
spectra of the resulting polymer are listed in Figures S2-S8 below. The polymers were
characterized to quantify their molecular mass (Mn) and dispersity (Đ) on a Waters Alliance
2695 separation module equipped with a PL-aqua gel-OH 8-micron Mixed-M column (300
x 7.5 mm), a Waters 2998 Photodiode Array Detector, and a Waters 2414 Refractrometer
Detector. Tetrahydrofuran stabilized with dibutylhyrdroxytoluene was used as the eluent
at a flow rate of 1ml min-1. PS standards were used for the calibration. The samples were
dissolved in tetrahydrofuran stabilized with BHT at 5mg/mL. The instrument was
calibrated to polystyrene standards having THF as the mobile phase.
The molecular weights of the systems vary from ~30g/mol-60g/mol (degree of
polymerization ~70-137), and PDI between 1.05-1.7. The features we are studying are
nanometer-scale correlations in ion transport and morphology, so we do next expect this
variation in PDI and molecular weight to have a significant impact on our results.
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Figure A.2. 1H NMR spectrum of PS-TAC(EtOMe).
1

H NMR (400 MHz, CDCl3) δ 7.25-6.21 (b, 62H, ArH), 4.8- 4.40 (b, 34H, ArCH2N), 3.85-

3.48 (b, 242H, C3(N(CH2CH2OCH3)2)2, C3(N(CH2CH2OCH3)2)2), 3.40-2.84 (b, 204H,
NCH3, C3(N(CH2CH2OCH3)2)2), 1.65-0.71 (b, 82H, ArCHCH2) Yield-66%
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Figure A.3. 1H NMR spectrum of PS-TAC(Bu).
1

H NMR (400 MHz, CDCl3) δ 7.25-6.12 (b, 1169H, ArH), 4.9- 4.47 (b, 518H, ArCH2N),

3.62-2.91 (b, 3008H, C3(N(CH2CH2CH2CH3)2)2, NCH3) 1.94-0.63 (b, 9265H, ArCHCH2,
C3(N(CH2CH2CH2CH3)2)2),

C3(N(CH2CH2CH2CH3)2)2),

Yield-42%2
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C3(N(CH2CH2CH2CH3)2)2)

Figure A.4. 1H NMR spectrum of PS-TAC(iP).
1

H NMR (400 MHz, (CD3)2CO) δ 7.60-6.35 (b, 500H, ArH), 5.22-4.62 (b, 248H,

ArCH2N), 4.22-3.94 (b, 460H, C3(N(CH(CH3)2)2)), 3.39-3.07 (b, 333H, NCH3), 1.68-0.77
(b, 3052H, ArCHCH2, C3(N(CH(CH3)2)2)) Yield 65%
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Figure A.5. 1H NMR spectrum of PS-TAC(Mo).
1

H NMR (400 MHz, CD3OD) δ 7.51-6.20 (b, 440H, ArH), 4.72- 4.29 (b, 162H, ArCH2N),

3.79-3.63 (b, 516H, C3(N(CH2)2(CH2)2O)2), 3.57-3.38 (b, 505H, C3(N(CH2)2(CH2)2O)2),
3.24-3.03 (b, 198H, NCH3), 1.71-0.82 (b, 370H, ArCHCH2) Yield 91%
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Figure A.6. 1H NMR spectrum of PS-TAC(Pip).
1

H NMR (400 MHz, CDCl3) δ 7.51-6.20 (b, 1391H, ArH), 4.72- 4.29 (b, 642H, ArCH2N),

3.64-3.26 (b, 5409H*, C3(N(CH2)2(CH2)2 CH2)2), 3.24-2.92 (b, 960H, NCH3), 1.98-1.18
(b, 5904H, C3(N(CH2)2(CH2)2CH2)2, ArCHCH2) *water overlap @ δ 3.49 Yield 86%
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3

Figure A.7. 1H NMR spectrum of PS-TAC(DiMePip).
1

H NMR (400 MHz, CDCl3) δ 7.25-6.21 (b, 84H, ArH), 4.9- 4.40 (b, 61H, ArCH2N), 3.75-

2.79 (b, 221H, C3(N(CH2)2(CH2)2CH2) 2, NCH3), 1.97-1.32 (b, 131H, )
C3(N(CH2)2(CH)2CH2) 2), 1.65-0.71 (b, 181H, ) ArCHCH2), C3(N(CH2)2(CHCH3)2CH2) 2) Yield 40%
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Figure A.8. 1H NMR spectrum of PS-TAC(CyHex).
1

H NMR (400 MHz, CDCl3) δ 7.27-6.08 (b, 43H, ArH), 5.13-4.52 (b, 20H, ArCH2N),

3.49-3.02 (b, 50H, NCyH, NCH3), 2.31-0.0.94 (b, 348H, CyH, ArCHCH2). Yield 75%

215

A.3. Heat Flow Plots from DSC

Figure A.9. Reversible heat flow from temperature modulated DSC measurements of the
PS-TAC polymers. All data shown is from the second cooling (cooling rate 5°C/min) of
each system. Data is shifted vertically.
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A.4. Electrochemical Impedance Spectroscopy (EIS) Plot Example

Figure A.10. Representative example of impedance data of [PS-TAC][Cl] polymer. The
high-frequency resistance is obtained from an equivalent circuit model fit.
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A.5. X-ray Scattering Fit Example

Figure A.11. Representative example of fitting X-ray scattering data to Lorentzian peak
functions. The total fit is the sum of the Lorentzian fits of the 4 individual peaks.
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Table A.1. Peak positions, and ratio of the intensity, Ia/Ii, of all of the PS-TAC PILs,
determined from the Lorentzian fits.
Functional
db (nm) do (nm)
Group

di (nm)

da (nm)

Peak intensity
ratio Ia/Ii

iP

2.04

--

0.71

0.50

3.43

Mo

2.05

--

0.72

0.45

8.75

Pip

2.48

1.13

0.75

0.46

4.22

DiMePip

2.22

1.26

0.82

0.49

7.30

CyHex

2.97

--

0.88

0.48

7.64

EtOMe

2.69

1.32

0.77

0.41

3.84

Bu

2.19

1.21

0.83

0.42

3.32
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A.6. VFT and Arrhenius Conductivity Fits

Figure A.12. Conductivity vs. inverse temperature of the PS-TAC polymers, including
VFT Fits (above Tg) and Arrhenius fits (below Tg). The data above the glass transition
temperature of the polymer were fit to a VFT fit, and the data below the glass transition
temperature of the polymer were fit to an Arrhenius fit. While the data above Tg were fit
to VFT, the fit line is plotted to below Tg, to compare the Arrhenius fit at those
temperatures.
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Table A.2. Activation energies of decoupled ion transport below Tg for the PS-TAC
systems.
Functional Group

Ea (kJ/mol)

iP

86.2

Mo

113.6

Pip

84.3

DiMePip

138.5

CyHex

93.5

EtOMe

128.6

Bu

118.8
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APPENDIX B.

SUPPORTING INFORMATION FOR CHAPTER 3

B.1. Temperature Modulated Differential Scanning Calorimetry (TMDSC)
The reversible heat flow on the final cooling of each polymer is shown in Figure
B.1. A Tg is not present in the temperature range accessed for the p5PhSA-Li and Na
polymers. There is a possible Tg of 286 °C in p5PhSA-Cs. These results are consistent with
previously reported DSC measurements of these materials.1

Figure B.1. Reversible heat flow vs. temperature on cooling from temperature modulated
DSC measurements of p5PhSA-X polymers. The acid form, p5PhSA (no neutralization),
is included for reference.
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B.2. X-ray Scattering Fit Example

Figure B.2. Representative example of fitting X-ray scattering data to pseudo-Voigt peak
functions, used to extract peak positions.2 The total fit is the sum of the pseudo-Voigt fits
of the 4 individual peaks.

Table B.1. Primary peak positions and higher order peak ratios of the p5PhSAX polymers at 160 °C.
Polymer

d*(nm)

q1(nm-1)

q2/q1

q3/q1

p5PhSA-Li

1.94

3.24

2.00

3.02

p5PhSA-Na

1.99

3.16

2.02

3.05

p5PhSA-Cs

2.09

2.99

2.01

--
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B.3. Electrochemical Impedance Spectroscopy (EIS) Plot Example

Figure B.3. Representative Nyquist plot of p5PhSA-Cs at 180°C. The value of Z’ when
Z” is at a minimum is the resistance of the bulk polymer film.
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B.4. Structure Factor Calculation from MD
We compute structure factors from our simulations as the Fourier transform of
radial distribution functions 𝑔𝑖𝑗 (𝑟):
∞

𝑆(𝑞) = ∑(𝑐𝑘 𝑓𝑘 (𝑞)2 ) + 4πρ ∫ (𝑤(𝑟)
0

𝑘

sin(𝑞𝑟) 2
𝑟 ∑ 𝑐𝑖 𝑐𝑗 𝑓𝑖 (𝑞)𝑓𝑗 (𝑞)(𝑔𝑖𝑗 (𝑟) − 1)) d 𝑟
𝑞𝑟
𝑖,𝑗

where i, j, and k are sums over atom types, 𝑐𝑖 is the mole fraction of the 𝑖th atom type, 𝑓𝑖 (𝑞)
is the form factor of the 𝑖th atom type as a function of 𝑞, and ρ is the atom number density.
The modified Lorch weighting function w(r)3,4 is
𝑤(𝑟) =

3
2π𝑟
[sin(2π𝑟/𝐿)
−
cos(2π𝑟/𝐿)]
(2π𝑟/𝐿)3
𝐿

and serves to smooth ripples resulting from the Fourier transform.
The functional dependence of the form factor on q is approximated following Waasmaier
and Kirfel5 as
5

𝑓𝑖 (𝑞) = 𝑎𝑖 + ∑ 𝑏𝑖𝑗 exp(−𝑑𝑖𝑗 (𝑞/4π)2 )
𝑗=1

in which the functional dependence of a given atom type on q is approximated as a sum of
Gaussian functions using empirical parameters 𝑎𝑖 , 𝑏𝑖𝑗 , and 𝑑𝑖𝑗 .
To assess the stability and accuracy of our simulations, we conduct several runs
that vary the initial configurations, production run temperature, system size, and the ion
charge. To study the effects of the initial configurations, we calculate S(q) for a set of 4
systems each containing 216 polymers, smaller than the system used for the main results.
Each distinct run has different residues sulfonated and different random initial orientations
of each polymer. We follow this process for final run temperatures of 313 K (40 C) and
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433 K (160 C). The computed structure factors are shown in Figure B.4, with error bars
indicating the standard deviation over all runs. The relatively small size of the error bars
indicates the low degree of variation as a function of the initial conditions. The low degree
of variation between structure factors obtained at different temperatures illustrates the same
temperature invariance as observed in experiment when T<<Tg.

Figure B.4. Computed average structure factors for Li, Na, and Cs ions at 40 °C and 160
°C from 4 distinct simulations, with 216 polymer chains each. Errors indicate standard
deviations. As with experimental measurements, the structure factor is found to be
insensitive to temperature in this range (T<<Tg).
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B.5. MD Analysis of Finite Size Effects
We also study the impact of finite size effects by simulating systems of p5PhSA-X
with a variety of sizes. As in the main text, all simulations are conducted at 433 K (160 °C)
unless otherwise noted. We apply our simulation method for systems containing n3
polymers for n ranging from 4 to 12 for each ion species. Selected structure factors are
shown in Figure B.5. We find that as the system size is increased the simulated aggregate
peak becomes increasingly sharp and becomes more intense relative to the amorphous halo.
A weak higher-order peak appears for the largest simulation of the p5PhSA-Na polymer,
though this small peak is likely smaller than the statistical error in S(q). There is
increasingly good agreement between simulation and experiment as the system size
increases, indicating that finite size effects contribute to the discrepancies between
computational results and experiment. In addition, force field imperfections and
differences in density may also contribute to differences between experiment and
simulations.
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Figure B.5. Structure factor as a function of box size for p5PhSA-X at 160 °C systems
containing (a) Li, (b) Na, and (c) Cs ions. Box sizes correspond to N = 4, 5, 6, 9, and 12,
where N3 is the total number of polymer chains.
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B.6. MD Snapshots
The atoms in the snapshots included in the body of the paper are colored by cluster.
For the sake of clarity, we also include the snapshots with different colors for cations and
oxygen atoms.

Figure B.6. Snapshots of ionic aggregates observed in simulations. Identical to Figure 3.3,
but all ions are colored blue and all oxygen atoms are colored red.

B.7. Radial Distribution Functions (RDF)
The partial radial distribution functions (RDF) for oxygen atoms with ions and with
other oxygen atoms as well as for ions with ions are shown in Figure B.7 for each ion
species. In each system, the ion-oxygen RDF exhibits a sharp, clearly defined first peak.
The first minimum in each of these systems, corresponding to nearest-neighbor pairs, is
found to be 0.265 nm for Li, 0.34 nm for Na, and 0.425 nm for Cs. Similarly, the oxygenoxygen RDF also exhibits a sharp first peak in each system. This corresponds to the
distance between O atoms in the same sulfonate group. The first minimum in gOO(r) is
found to be at 0.255 nm in each case. These minimum distances are used as the cutoff
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distances to define neighboring atoms for the structural analysis done in the body of the
paper. Contrary to the Ion-O and O-O partial RDFs that consistently exhibit a clearly
defined nearest-neighbor peak, the ion-ion RDFs have a significantly broader and less
clearly defined first peak, especially in the case of the Li-neutralized polymer. As a result,
using the ion-ion RDFs would not provide a clear way to define connectivity of the ionic
aggregates.

Figure B.7. Radial distribution functions for each system for Ion-Oxygen, OxygenOxygen, and Ion-Ion pairings of atoms. RDFs correspond to simulations of p5PhSA-X at
160 °C containing 216 polymer chains each.

231

B.8. Graph Theory
Graph theory involves the representation of objects or concepts that have a
connected structure.6,7 Here, we are treating the structure of the ionic aggregates, whose
connected structure is determined by atoms being unbonded neighbors as described in the
main text. The atoms being modeled are represented in a graph as vertices. Connections
between vertices are called edges. In this work the edges are unweighted, which means
they all have the same unit length. The distance between two atoms is just the sum of the
number of edges between the two atoms.
In the body of the paper, we represent the ionic aggregate formed by the oxygen
atoms and ions as a graph. The conversion of the geometric configurations of the atoms
to a graph-based representation is depicted in Figure B.8. Every atom labeled in the
geometric snapshot is labeled by the same letter in the graph, and every atom not labeled
in the geometric configuration is not depicted in the graph. The circles in the graph
representing the atoms correspond to vertices, and lines between them correspond to
edges. A path on a graph corresponds to a series of vertices connected by edges in which
no edge or vertex is repeated. For example, in the graph shown in Figure B.8 a path from
B to D might consist of {B, E, F, H, G, D} or just {B, D}. The length of the path is the
number of edges traversed between the two end vertices, so the path {B, E, F, H, G, D}
has a length of five and the path {B, D} has a length of one. The distance between two
vertices on a graph is the distance of the shortest path between the two. So, the distance
between vertices B and E is one, between vertices F and A is three, and between C and G
is two. Representing the ionic aggregate as a graph allows for the definition of a distance
between two atoms that arises directly from the connectivity of the ionic aggregate. This
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distance only counts portions of the aggregate as being “nearby” if there exists a connected
path between the two atoms.

Figure B.8. Illustration of the conversion of a small section of an ionic aggregate to a
graph. Atoms labeled in the snapshot correspond to vertices labeled by the same letter in
the graph. Unlabeled atoms in the snapshot are not shown in the graph. Circles in the graph
correspond to vertices, and lines connecting vertices correspond to edges. Green spheres
are Li ions and red spheres are O atoms.
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B.9. Shape Anisotropy and Graph Cutoff Distance
A graph-based cutoff distance of 𝛿𝑐 = 10 is used in the main text in the
characterization of the local aggregate morphologies. Figure B.9 plots the individual values
λ1 , λ2 , and λ3 for all the subclusters used in the calculation of 𝜅 2 with 𝛿𝑐 = 10 (Figure
3.6 in the main text). The set of points corresponding to the subclusters in each system
forms distinct clusters.

Figure B.9. λ1 , λ2 , and λ3 values for the p5PhSA-X and p9AA-100% Li polymers. These
values are used to calculate 𝜅𝑖2 (Equation 3.3 in the main text). Figures (a) and (b) contain
the same data shown in two orientations for clarity. p5PhSA-X data correspond to systems
at 160 °C containing 216 polymer chains.

We assess the consistency of the graph-based approach for extracting subclusters
from the simulations by varying the graph cutoff distance. Figure B.10 shows data for 𝛿𝑐 =
7 and 𝛿𝑐 = 25 that is consistent with 𝛿𝑐 = 10 in the main text. Histograms for the p5PhSAX polymers exhibit similar shapes, with the median value of κ2 decreasing as a function of
ion size, while the p9AA-100%Li system exhibits significantly larger values of 𝜅 2 and a
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differently shaped distribution of values. As the 𝛿𝑐 value decreases from the value of 𝛿𝑐 =
10 chosen in the main text, the subclusters become less distinct and so less clearly
anisotropic. On the other hand, increasing 𝛿𝑐 leads to large portions of the aggregate being
included, so that the subclusters become increasingly isotropic. It is important to note that
in computing the moments of the gyration tensor, we are taking linear projections of the
geometry of the subclusters. The subclusters, however, exhibit some amount of curvature.
This will tend to yield lower 𝜅 2 values relative to those that would result in the case of zero
curvature.
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Figure B.10. Distribution of 𝜅𝑖2 values for each ion species in p5PhSA-X and
p9AA100%Li for (a)-(b) 𝛿𝑐 = 7 and (c)-(d) 𝛿𝑐 = 25. (a) and (c) show the distribution of 𝜅𝑖2
values, while (b) and (d) show the mean and median of 𝜅𝑖2 values vs. volume fraction of
the ionic groups (𝜙𝑖𝑜𝑛 ), determined using the van der Waals (VDW) volumes of the atoms.
Error bars correspond to the standard deviation of the mean. 𝜅𝑖2 distributions are from
simulations with 216 polymers chains at 160 °C. The same trends are observed here as with
𝛿𝑐 = 10 in the main text (Figure 3.6).
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B.10. MSD of Cations, Backbone Carbons, and Sulfonate Groups

Figure B.11. MSDs of cations, sulfonate groups, and polymer backbone carbons for each
system. (a) p5PhSA-Li, (b) p5PhSA-Na, (c) p5PhSA-Cs. This data is from the same
simulations analyzed in Figure 3.9 in the main text.

B.11. Force Field Charge Scaling
Several methods exist for explicitly accounting for polarization in classical
molecular simulations, including charge fluctuation, induced point dipoles, and Drude
Oscillators;8–10 however, each comes with a significant penalty to simulation speed. One
approach to account for polarization effects to first order and to maintain higher
performance is the Molecular Dynamics in Electronic Continuum (MDEC) method.11,12
This approach models the mean effects of polarization by rescaling the partial charges in
the system by a constant value, which is functionally equivalent to dielectric screening by
a constant factor. Charge scaling has often been shown to improve agreement between
simulation and experiment, and is a common practice in MD simulations of a variety of
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systems, including ionic liquids.13–19 Leontyev and Stuchebrukhov recommend a charge
scaling value of about 0.7 for ionic groups,12 though scaling by 0.75 and 0.8 are both quite
common.13–19 To study the impact of taking this approach, we scale the charges of sulfonate
groups and ions by a constant value of 0.75. All other partial charges remain at standard
OPLS-AA values.
From a structural standpoint, we find that this approach significantly degrades
agreement with experiment. Figure B.12 shows the computed structure factor for unscaled
charges and scaled charges for a system of 123 polymers. We find that scaling the charges
significantly weakens the strength of the aggregate peak and shifts it to higher values of q
that are further away from the experimentally measured peak position. These differences
are likely due to the weaker interactions between charges, producing ionic aggregates that
are less tightly bound. In an attempt to improve agreement in structure between scaled
charge simulations and experiment, we modified the annealing procedure. This was done
by adopting the same annealing framework as described in the main text, but altering the
temperature, pressure, and density parameters to produce optimal agreement in S(q)
between the Li neutralized system containing 63 polymers and experiment. Optimization
was conducted using the particle swarm optimization (PSO) procedure20–23 with global best
topology and constant parameters 𝜔 = 0.42, 𝜙1 = 1.55, and 𝜙2 = 1.55.23,24 See
reviews for details on the method.22,23 Despite the fact that the optimization is conducted
only for the p5PhSA-Li polymer in a small system, Figure B.12 illustrates that the PSO
slightly improves agreement between the scaled system and experimental results.
Nonetheless, the unscaled system produces better agreement with experiment, both in the
aggregate peak position and the aggregate peak height relative to the amorphous halo. We
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thus conclude that scaling charges in the simulations leads to poorer agreement of polymer
aggregate structure between simulations and experiment.

Figure B.12. Simulated and measured structure factors for unscaled and scaled charges,
for both standard annealing and PSO optimized annealing of p5PhSA-X for (a) Li, (b) Na,
and (c) Cs ions. Each system contains 1728 polymer chains. While the PSO annealing
procedure improves agreement with experiment, the systems with unscaled charges (blue)
produce the best agreement between simulation and experiment (red).

The dynamics are also significantly altered by charge scaling. In scaled simulations,
the ions are not as tightly bound to the sulfonate groups and thus diffuse through the system
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with greater ease. As a result, we are able to reach the diffusive regime for Na and Cs ions,
and get significantly closer for Li ions (Figure B.13). Specifically, the power law exponent
relating MSD to t is found to be 0.77, 0.91, and 0.96 for Li, Na, and Cs respectively. Given
that Na and Cs both come quite close to reaching the linear regime, we extract a diffusion
constant of 5.48e-9 cm2/s for Na ions and 4.69e-8 cm2/s for Cs ions. When we use the
Nernst-Einstein equation to estimate conductivity from these diffusion constants, we obtain
conductivities of 6.8e-5 S/cm for Na and 4.9e-4 S/cm for Cs. These are about three orders
of magnitude higher than those measured in experiment. We are unable to extract
conductivities from unscaled systems with similar methodologies. Thus, we conclude that
scaling charges has an adverse impact on system dynamics. So, though it may yield
improved simulation results in some systems, scaling the charges in these polymers leads
to poorer performance of the simulations with respect to structure and dynamics. This may
be because the ions form densely packed ionic aggregates in these polymers, and thus the
electrostatics are inherently screened in the aggregates anyway, reducing the physical
motivation for using scaled charges. We note that Zeron et al. argue that scaled charges are
not appropriate for solids or molten salts, which the ionic aggregates resemble.25
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Figure B.13. Mean squared deviations for cations, anions, and polymer backbone atoms
for each p5PhSA-X system with scaled charges at 160 °C. Na and Cs effectively reach the
diffusive regime with exponents of 0.91 and 0.96, and slopes corresponding to diffusion
constants of 5.48·10-9 cm2/s and 4.69·10-8 cm2/s, respectively. Each simulation contains
216 polymer chains.
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APPENDIX C.

SUPPORTING INFORMATION FOR CHAPTER 4

C.1. Synthesis Methods
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Figure C.1. 1H-NMR spectrum in C2D2Cl4 at 300 K of the crude product after bromination
of C48-(OH)2 with PBr3 in toluene after a slow initial heating segment of the reaction
mixture (inset).

Synthesis of C48-(Br)2 with PBr3. In a 1 L round-bottomed flask, C48-(OH)2 (5 g,
7.1 mmol, 1 equiv.) was dried in vacuo and subsequently suspended in dry toluene (~ 500
mL). PBr3 (~ 10 mL, ~ 28.5 g, 105 mmol) was added in a nitrogen stream and the reaction
was started by heating mixture gradually by a computer-controlled heating plate from 30
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°C to 90 °C within 16 h. The reaction temperature was then held for a total reaction time
of 96 h before quenching by addition of MeOH at room temperature. Volatiles were
removed and the resulting solids were purified by Soxhlet extraction in chloroform. The
crude product was then recrystallized from the extract at 6 °C und washed with i-PrOH
subsequently. After drying, 5.2 g of 1,48-dibromooctatetracontane (90 %) were recovered
as a crystalline, colorless solid.
4
2

3

1

1H-NMR

1

3

2

(400 MHz, C2D2Cl4, 110 °C) δ = 3.46 (t, 3JHH = 6.9 Hz, 4H, H-1), 1.95-1.91 (m,

4H, H-2), 1.52-1.36 (m, 90H, H-3, H-4) ppm.
13C{1H}-NMR

(100 MHz, C2D2Cl4, 110 °C): δ = 33.4 (C-1), 32.7 (C-2), 29.4 - 28.5 (C-4),

28.0 (C-3) ppm.

Synthesis of C48-(SO3AQ)2. C48-(Br)2 (500 mg, 1 equiv., 0.6 mmol) was weighed
into a glass inlet (important as halides can be corrosive to steel!) for a steel autoclave with
a usable volume of 300 mL and dissolved in AQ336 (~ 10 mL, 37 equiv., 22 mmol) by
gentle heating. A solution of Na2SO3 (10 g, 132 equiv., 79.3 mmol) and NaI (100 mg, cat.)
in water (250 mL) was added. The reaction mixture was heated in an autoclave to 150 °C
and stirred for 7 days at 1200 RPM with a strong lanthanoid stirring bar. The mixture was
cooled to room temperature and the organic layer was extracted by chloroform, washed
with distilled water and concentrated under reduced pressure. A colorless viscous oil
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remained, which contained C48-(SO3AQ)2 in an excess of AQ336. This mixture was
typically used without isolation of the intermediate and was purified in the next step.

1H-NMR

(400 MHz, CDCl3, 25 °C) δ = 3.48-3.44 (m, 12H, H-5), 3.35 (s, 6H, H-4), 2.82-

2.78 (m, 4H, H-1), 1.69-1.61 (m, 12H, H-6), 1.39-1.26 (m, 68H, H-3, H-7), 0.86 (t,
3

JHH = 6.7 Hz, 18H, H-8) ppm.

Ion-Exchange of C48-(SO3AQ)2. A mixture of C48-(SO3AQ)2 in AQ336 was
dissolved in MeOH and heated to 60 °C to assure a homogenous solution. This solution
was then added to a saturated solution of a soluble metal salt of the desired species in
MeOH. The tested salts comprised sodium acetate, sodium citrate, lithium acetate, and
lithium citrate. Upon addition, the mixtures were cooled to 6 °C to assure quantitative
precipitation of the product. The crude products were then purified by recrystallization
from MeOH at 150 °C and filtration. After drying, the respective disulfonates were
recovered as colorless solids with virtually quantitative yield with respect to the C48(SO3AQ)2 precursors.
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C48-(SO3Na)2:
1H-NMR

(600 MHz, DMSO-d6, 110 °C) δ = 2.43-2.41 (m, 4H, H-1), 1.64-1.59 (m, 4H,

H-2), 1.36-1.28 (m, 88H, H-3) ppm.
13C{1H}-NMR

(151 MHz, DMSO-d6, 110 °C) δ = 51.23, 28.34, 28.19, 27.93, 24.59 ppm.

mp = 217 °C (from DSC)
ATR-IR 𝑣̃ = 718, 730, 796, 1063, 1104, 1293, 1473, 2849, 2916, 3323-3582 cm-1.
HR-ESI-MS (m/z): 863.06 [M + H+] (calc. 863.67 [C48H96LiNaO6S2+H+]).
C48-(SO3Li)2:
1H-NMR

(600 MHz, DMSO-d6, 110 °C) δ = 2.42-2.40 (m, 4H, H-1), 1.63-1.59 (m, 4H,

H-2),

1.37-1.28

(m, 88H, H-3) ppm.
13C{1H}-NMR

(151 MHz, DMSO-d6, 110 °C) δ = 51.24, 39.52, 28.27, 27.94, 24.65 ppm.

mp = 214 °C (from DSC)
ATR-IR 𝑣̃ = 716, 730, 804, 1076, 1167, 1184, 1204, 1215, 1472, 1637, 1642, 2849, 2914,
3297-3555
cm-1.
HR-ESI-MS (m/z): 863.06 [M + H+] (calc. 863.67 [C48H96LiNaO6S2+H+]).
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C.2. Intermediate Temperature DSC Analysis of C48(SO3Na)2

Figure C.2. Heating and cooling at 2 °C/min was also performed on C48(SO3Na)2 to better
elucidate some of the thermal transitions. 6 overlapping transitions were simultaneously fit
on both heating and cooling, with fits on cooling represented by light blue dashed line
(cumulative fit in green). Note that all of these transitions are at intermediate temperatures,
occurring below the crystallization and melting points shown in Figure 4.2 in the main text.
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Table C.1. Intermediate temperature transitions of C48(SO3Na)2, results from fitting in
Figure C.2. The Tm/Tc were obtained the high temperature heat flow data in Figure 4.2 in
the main text.
Heat (°C)

Cool (°C)

T1

104.8

97.1

T2

121.8

109.8

T3

129.8

120.0

T4

136.0

124.9

T5

142.0

140.1

T6

163.3

162.0

Tm/Tc

214.8

194.8
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C.3. Example of Fitting X-ray Scattering Profiles

Figure C.3. Fitting of the (a) layer peaks and (b) crystal backbone, of 1D X-ray scattering
patterns with pseudo-Voigt functions, using C48(SO3Na)2 at 134 °C as an example. The
solid black lines are the 1D scattering data, red dotted lines are the total fit, and the colored
dash lines represent the fitting components. All 1D scattering data files for C48(SO3Na)2
and C48(SO3Na)2 were fit using this method.
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C.4. In situ X-ray Scattering Profiles of C48(SO3Li)2 and C48(SO3Na)2

Figure C.4. 1D X-ray scattering profiles of C48(SO3Li)2, at select temperatures during
cooling (left) and heating (right). This demonstrates the reversibility of the crystalline
backbone structure.
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Figure C.5. 1D X-ray scattering profiles of C48(SO3Na)2, at select temperatures during
cooling (left and right) and heating (middle). This demonstrates the reversibility of the
crystalline backbone structure.
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C.5. d-Spacing of Crystalline C48(SO3Na)2 Morphologies

Figure C.6. d-spacing of the layers and primary crystalline backbone peaks of C48(SO3Na)2
on cooling from 180 °C to 28 °C. These correspond to all the temperatures plotted in Figure
4.4b in the main text.
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C.6. EIS Arrhenius Fits and Reversibility of C48(SO3Na)2

Figure C.7. Arrhenius fits in the high and low temperature regimes of C48(SO3Na)2 and
C48(SO3Li)2 when the backbone structure is unchanged. The Ea values of these fits are
included in Table 4.2 in the main text.
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Figure C.8. σDC of C48(SO3Na)2 on both heating and cooling (cooling data is the same as
in Figure 4.6 in the main text). This demonstrates reversibility of the σDC with temperature.
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APPENDIX D.

SUPPORTING INFORMATION FOR CHAPTER 5

D.1. Synthetic Details
All reactions were performed under inert gas atmosphere using standard glovebox
and Schlenk techniques. The self-metathesis of erucic acid and the following isomerizing
crystallization were conducted in an Orb jacketed 1 L glass reactor supplied by syrris
equipped with a mechanical Teflon-coated stirrer and an internal temperature control. The
setup was connected to a Huber CC-505 cryostat with a Pilot ONE controller. The
microwave assisted recrystallization steps were performed in an Anton Paar Monowave
300 Microwave reactor. As reactor vessels, 30 mL borosilicate glass vials with PEEK snapcaps and PTFE coated silicone rubber seals were used. The temperature inside the reactor
was monitored non-invasively by an IR sensor.
Erucic acid was obtained from Merck (technical grade, 90 %) and recrystallized
from iso-propanol twice prior to use. Grubbs 2nd generation catalyst, obtained from abcr,
was stored in a glove box under inert gas atmosphere. Ethyl vinyl ether was supplied by
Merck. The catalyst used in the isomerization reaction ([Pd(dtbpx)(OTf)2], dtbpx: 1,2bis{(di-tert-butylphosphino)methyl}benzene) was obtained by a reported procedure.1 1hexene, supplied by Merck, was isomerized with [Pd(dtbpx)(OTf)2] to a mixture of 2- and
3-hexene as described elsewhere.2 THF and toluene were dried over sodium prior to use.
Ethanol (p.A.), n-heptane (99 % purity) and sulfuric acid (98 %) were purchased from Carl
Roth. All solvents used in recrystallization steps were used in technical grade. The catalyst
used in the ‘chain doubling’ step (Umicor M73 SIPr) was supplied by Umicor. Lithium
aluminum hydride (LAH), triethyl phosphite (98 % purity), phosphorus tribromide and
trimethylsilylbromide (TMSBr, 97 %) were supplied by Sigma-Aldrich. The reference n-
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tetradecylphosphonic acid was purchased from abcr. All deuterated solvents used for NMR
spectroscopy were supplied by Eurisotop.
The characterization of the soluble intermediate products by NMR spectroscopy
was performed in chloroform-d1, 1,1,2,2-tetrachloroethane-d2 or dimethylsulfoxide-d6 as
solvent at 25 °C or 110 °C, respectively. A Bruker Avance 400 spectrometer was used. 1H
chemical shifts were referenced to the residual solvent signal,
externally to phosphoric acid (85%).
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31

P shifts were referenced

D.2. Synthesis of α,ω-functionalized C26 and C48 backbones
The C48 starting material was obtained by a previously reported procedure (Figure
D.1).2 The batch scales were increased and at the same time the catalysts loadings were
reduced.

Figure D.1. Synthesis of C48-(COOMe)2. A self metathesis of erucic acid ((Z)-Docos-13enoic acid), followed by a dynamic crystallizing isomerization prior to the two-step onepot ‘chain doubling reaction’ to access the C48 building block. A hydrogenation of the
double bond yields the polyethylene telechelic.
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D.3 Synthesis of C26 and C48 α,ω-diphosphonic acids
The end group modification of C26 and C48 telechelics is challenging due to the
limited solubility of many of the intermediate products in common organic solvents,
especially at room temperature. A synthesis route for C26/48-Br2 was elaborated to enable
further reactions at the resulting electrophilic methylene unit (Figure D.2).

Figure D.2. Synthesis scheme of the synthesis route starting from C24/46-(COOMe)2 with a
reduction of the ester groups with lithium aluminium hydride (LAH) and a subsequent
bromination of the alcohol end groups with phosphorus tribromide to afford the C26/48-Br2.
A Michaelis-Arbuzov reaction with triethylphosphite reaction affords C26/48-(PO(OEt)2)2.
The phosphonate esters are cleaved by a McKenna reaction with trimethylsilyl bromide
(TMSBr) and subsequent methanol addition to obtain the free phosphonic acids C 26 and
C48PA2.
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D.4. X-Ray Scattering
Table D.1. List of assigned peak positions in C26PA2 at selected temperatures during
cooling and heating. The crystal structures are abbreviated with M (monoclinic), H
(hexagonal) and O (orthorhombic). From the positions of the first reflex in the small-q area
(q*), the center-to-center distance d* between the aggregate layers was calculated
from 𝑑 ∗ = 2𝜋/𝑞 ∗ . The average domain sizes along the layer normal ξ𝐿 was calculated from
the full width at half-maximum (Δq) of q*, with the Scherrer equation (ξ𝐿 = 2𝜋/∆𝑞).
During heating, a second set of equidistant peaks in the small q-range with ratios of 1:2:3:4
is present, differentiated by indices q*1 and q*2 with the corresponding d* and 𝜉L ,
respectively.
COOLING

50 °C

[001]M [Å-1]

1.390

[200]M [Å-1]

1.594

94 °C

[100]H [Å-1]

110 °C

130 °C

150 °C

170 °C

250 °C

1.443

q* [Å-1]

0.218

0.206

0.203

0.207

0.210

0.212

-

d* [Å]

28.8

30.5

30.9

30.4

29.9

29.7

-

𝜉𝐿 [Å]

532

833

907

915

913

887

-
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HEATING

50 °C

[001]M [Å-1]
[200]M [Å-1]

94 °C

110 °C

130 °C

150 °C

1.391

1.373

1.372

1.370

1.600

1.594

1.615

1.619

1.734

1.746

[-201]M [Å-1]
[100]H [Å-1]
q*1 [Å-1]

0.219

0.217

1.426

1.416

0.216

0.219

q*2 [Å-1]
d*1 [Å]

250 °C

0.214

-

0.240
28.7

29.0

29.1

28.7

d*2 [Å]
𝜉𝐿1 [Å]

0.209

170 °C

30.0

29.4

26.2
538

562

514
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𝜉𝐿2 [Å]

650
284

262

-

936

-

Table D.2. List of assigned peak positions in C48PA2 at selected temperatures during
cooling. No hysteresis during heating and cooling in the X-ray scattering data was
observed. Thus, list of heating reflexes is redundant. The crystal structures are abbreviated
with M (monoclinic), H (hexagonal) and O (orthorhombic). From the positions of the first
reflex in the small-q area (q*), the center-to-center distance d* between the aggregate
layers was calculated from 𝑑 ∗ = 2𝜋/𝑞 ∗ . The average domain sizes along the layer normal
𝜉L was calculated from the full width at half-maximum (Δq) of q*, with the Scherrer
equation (𝜉L = 2𝜋/∆𝑞).
C48PA2

58 °C

122 °C

146 °C

170 °C

[001]M1 [Å-1]

1.372

[200]M1 [Å-1]

1.645

[110]O [Å-1]

1.512

[200]O [Å-1]

1.691

q* [Å-1]

0.114

0.111

0.118

-

d* [Å]

55.3

56.8

53.1

-

𝜉𝐿 [Å]

442

473

2870

-
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Figure D.3. Domain size 𝜉L for all measured temperatures during cooling and heating for
C26PA2 (left) and C48PA2 (right). In case of C26PA2 during heating, the second domain size
derives from the second set of equidistant reflexes observed in the small-q range at
temperatures between 138 and 166 °C.
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Figure D.4. In-situ X-ray scattering profiles during the first cooling and second heating
processes at selected temperatures of C26PA2 (a) and C48PA2 (b). The identified reflexes in
the wide-angle area are assigned to the different phases abbreviated with O: orthorhombic;
M1 and M2: different monoclinic phases; X: unidentified; H: Hexagonal, respectively.
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D.5. NMR Spectroscopy

Figure D.5. Evolution of 31P NMR spectra of C26 (top) and C48PA2 (bottom) after exposure
to 140 °C for 4, 24, 72 and 96 h, respectively. Shown are 31P{1H} NMR spectra (dmso-d6,
161 MHz, 110 °C).
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The following are NMR spectra from the intermediate species of the reactions in Figure
D.1. and Figure D.2.

Figure D.6. 1H NMR spectrum (400 MHz, CDCl3, 25 °C) of the recrystallized product
C24-(COOMe)2 obtained by self metathesis of erucic acid.

Figure D.7. 1H NMR spectrum (400 MHz, C2D2Cl4, 25 °C) of the unsaturated α,β-C24(COOMe)2, purified by recrystallization.
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Figure D.8. 1H NMR spectrum (400 MHz, C2D2Cl4, 110 °C) of crude product obtained by
‘chain doubling’ reaction of α,β-C24-(COOMe)2.

Figure D.9. 1H NMR spectrum (400 MHz, CDCl3, 25 °C) of saturated C24-(COOMe)2
obtained by hydrogenation.
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Figure D.10. 1H NMR spectrum (400 MHz, C2D2Cl4, 110 °C) of the hydrogenated C46(COOMe)2 obtained by Soxhlet extraction for removal of the Pd/C catalyst.

Figure D.11. 1H NMR spectrum (400 MHz, C2D2Cl4, 110 °C) of C26-(OH)2 obtained by
reduction of the ester end groups with LAH.
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Figure D.12. 1H NMR spectrum (400 MHz, C2D2Cl4, 110 °C) of C48-(OH)2 obtained by
reduction with LAH.

Figure D.13. 1H NMR spectrum (400 MHz, C2D2Cl4, 25 °C) of C26-Br2 obtained by
bromination of C26-(OH)2 with phosphorus tribromide.
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Figure D.14. 1H NMR spectrum (400 MHz, C2D2Cl4, 110 °C) of C48-Br2 obtained by
bromination of the C48-(OH)2 with phosphorus tribromide.

Figure D.15. 1H NMR spectrum (400 MHz, dmso-d6, 110 °C) of C26-(PO(OEt)2)2 obtained
from the Michaelis-Arbuzov reaction without purification steps.
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Figure D.16. 31P{1H} NMR spectrum (161 MHz, dmso-d6, 110 °C) of C26-(PO(OEt)2)2.

Figure D.17. 13C{1H} NMR spectrum (100 MHz, dmso-d6, 110 °C) of C26-(PO(OEt)2)2.

272

Figure D.18. 1H{31P} NMR spectrum (400 MHz, dmso-d6, 110 °C) of C48-(PO(OEt)2)2
obtained by Michaelis-Arbuzov reaction of C48-Br2.

Figure D.19. 31P{1H} NMR spectrum (161 MHz, dmso-d6, 110 °C) of C48-(PO(OEt)2)2.
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Figure D.20. 1H NMR (400 MHz, dmso-d6, 110 °C) of C26PA2, synthesized by McKenna
reaction of C26-(PO(OEt)2)2.

Figure D.21.231P{1H} NMR (161 MHz, dmso-d6, 110 °C) of C26PA2.

274

Figure D.22. 31C{1H} NMR (100 MHz, dmso-d6, 110 °C) of C26PA2.

Figure D.23. 1H NMR (400 MHz, dmso-d6, 110 °C) of C48PA2 after McKenna reaction of
C48-(PO(OEt)2)2 with TMSBr.
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Figure D.24. 31P{1H} NMR (161 MHz, dmso-d6, 110 °C) of C48PA2.

Figure D.25. 13C{1H} NMR (100 MHz, dmso-d6, 110 °C) of C48PA2.
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APPENDIX E.

SUPPORTING INFORMATION FOR CHAPTER 6

E.1. Water Uptake

Figure E.1. % weight gain in p5PhSA during water uptake measurements at 40 °C. Solid
line is a 3rd order polynomial fit.
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E.2. Proton Transport

Figure E.2. σ of p5PhSA on increasing and decreasing % RH at 40 °C, demonstrating
reversibility.

Figure E.3. σ of p5PhSA and Nafion plotted in several ways: (a) σ vs. the moles of
water/moles of polymeric repeat units, (b) σ vs. the mass of H2O/mass of polymer (c) σ
normalized by wet and dry IEC vs. λ. Dry IEC is the ion content per mass of p5PhSA when
λ = 0. Wet IEC is the ion content per mass when accounting for the mass of the entire
system (p5PhSA + water), at a given λ.
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Figure E.4. Conductivity and ion exchange capacity (IEC) of various hydrocarbon-based
proton exchange membranes from the literature, under high humidity or hydration levels.
p5PhSA and Nafion 117 were measured in this study. The reported values from the
literature are from the following references: a) Trigg, E., Nature Materials, 20181; b)
Wang, Z., J. Appl. Poly Sci., 20072; c) Takamuku, S., Poly. Chem., 20123; d) Sorte, E.,
Macromolecules, 20184; e) Lee, K.-S., Chem. Mat., 20105; f) Kim, Y. S., Polymer, 20066;
g) Zhang, X. Macro. Rapid Comm., 20117.
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E.3. MD Simulation Annealing
We use the same annealing procedure that we have used previously to equilibrate
the system. First the system is compressed at 100 atm and 600 K to a density of 0.7 g/cm3.8,9
The system is then simulated in the NVT ensemble at 1000 K for 600 ps. Next, the system
underwent a series of nine sets of three types of runs: a 50 ps NVT simulation at 1000 K,
a 100 ps NVT simulation at 313 K, and a 50 ps NPT simulation at 313 K and a pressure of
Pi. The pressure Pi varies over the nine sets to be 1000, 10000, 5000, 1000, 500, 100, 10,
and 1 atm. In this way, the system underwent NVT at high temperature, NVT at low
temperature, NPT at P1, NVT at high temperature, NVT at low temperature, NPT at P2, etc.
The final NPT run for the longer duration of 2 ns to allow the density of the system to
equilibrate to a pressure of 1 atm. After this, a final series of 14 NVT runs are conducted:
1 ns at 2000 K and then 100 ps at each of 1800, 1600, 1400, 1200, 1000, 900, 800, 700,
600, 500, 400, and 313 K, successively.
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E.4. MD Simulations Snapshots

Figure E.5. Snapshots of isodensity surfaces in p5PhSA at all simulated water contents.
Snapshots are obtained using the QuickSurf rendering of VMD10 at an isodensity of 0.3
with the radii of atoms given by their van der Waals radii.11 Snapshots are rendered with
the Tachyon module.12
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E.5. Scattering Function Calculations from MD Simulations
Scattering functions are computed as:
∞

𝑆(𝑞) = ∑ 𝑐𝑖 𝑓𝑖 (𝑞)2 + 4πρ ∫ 𝑟 2 𝑤(𝑟)
0

𝑖

sin(𝑞𝑟)
∑ 𝑐𝑖 𝑐𝑗 𝑓𝑖 (𝑞)𝑓𝑗 (𝑞)(𝑔𝑖𝑗 (𝑟) − 1)𝑑𝑟
𝑞𝑟
𝑖,𝑗

where 𝑐𝑖 is the concentration of atom species i, 𝑓𝑖 (𝑞) is the q-dependent form factor of
atom species i, ρ is the system density, and 𝑔𝑖𝑗 (𝑟) is the pair correlation function between
atom species i and atom species j. The integral is smoothed using the modified Lorch
weighting function: 13,14
𝑤(𝑟) =

3
[sin(2π𝑟/𝐿) − (2π𝑟/𝐿) cos(2π𝑟/𝐿)]
(2π𝑟/𝐿)3

The form factor for each atom is computed using the five Gaussian fit of Waasmaier and
Kirfel15
5

𝑓𝑖 (𝑞) = 𝑐𝑖 + ∑ 𝑎𝑖,𝑗 exp(−𝑏𝑖,𝑗 (𝑞/4π)2 )
𝑗=1

Pair correlation functions are computed using the measure gofr function in VMD.10
Following this approach, partial scattering functions may also be computed simply by
summing over select atom types rather than over all atoms. Note, though, that the sum of
form factors (the first term in S(q)) is only included for partials involving one set of atoms
with the same set of atoms. Figure E.6 shows the full scattering function obtained for each
water content without scaling the intensities for both experiment and simulation. Figure
E.7 shows all partial scattering functions between water, polymer, and sulfonate groups in
each system. Figure E.8 shows the same data as Figure E.7, but each plot shows the same
partial structure calculation over the range of different values of λ.
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Figure E.6. S(q) from experiments and MD simulations, not shifted. (a) Same data as
Figure 6.4a, (b) same data as Figure 6.4b.
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Figure E.7. Partial scattering functions from MD simulations at each water content, with
each plot representing a different water content as labeled.
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Figure E.8. Partial scattering functions from the MD simulations at each water content,
with each plot containing all of the water contents for that given partial scattering function.
The data is the same as in Figure E.6, just plotted differently for clarity.

In addition to computing the scattering function by the Fourier transform of the pair
correlation function, the scattering function can also be directly computed. The amplitude
of the waves that would be scattered off of the atoms in the simulation may be expressed
as a sum of complex exponentials:
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𝐴(𝑞⃗) = ∑ 𝑓𝑗 (𝑞) exp(−𝑖𝑞⃗ ⋅ ⃗𝑟𝑗⃗)
𝑗

where 𝑞 = |𝑞⃗|. To obtain the scattering function, the intensity of these waves is averaged
over all possible 𝑞⃗ for a given magnitude q:
𝑆(𝑞) =

1
∑ 𝐴(𝑞⃗)𝐴∗ (𝑞⃗)
𝑁𝑎 𝑁𝑞
|𝑞⃗⃗|=𝑞

where 𝑁𝑎 is the number of atoms in the system and 𝑁𝑞 is the number of 𝑞⃗ vectors
corresponding to a given magnitude of 𝑞. The values of 𝑞⃗ are limited by the box size such
that
𝑞⃗ =

2π
(𝑛𝑥 , 𝑛𝑦 , 𝑛𝑧 )
𝐿

where the 𝑛𝑖 are integers and L is the length of the box. Direct scattering functions are
computed using python scripts that are accelerated with Numba16 and the Multiprocessing
library, and rely on the readXtc function of the MDAnalysis package to load the trajectory
files. 17,18
We compare the result of computing the direct scattering function with the
approach of taking the Fourier transform of g(r) for λ = 3 in Figure E.9 and for λ = 9 in
Figure E.10. We find that both approaches produce the same general shape over the range
of q values and are identical for larger values of q. The direct approach does reveal
significantly larger error bars near the ionomer peak, indicating that it is likely the case that
taking the Fourier transform of g(r) overestimates the precision of the S(q) calculation in
this region.
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Figure E.9. Comparison of direct scattering function calculations with the Fourier
transform of g(r) for λ = 3. Error bars are obtained as the standard deviation over eight
separate runs. Direct scattering function calculations are grouped into bins of q that are 0.5
nm-1 wide.
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Figure E.10. Comparison of direct scattering function calculations with the Fourier
transform of g(r) for λ = 9. Error bars are obtained as the standard deviation over eight
separate runs. Direct scattering function calculations are grouped into bins of q that are 0.5
nm-1 wide.
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E.6. Oxygen Coordination
The coordination of oxygen atoms around each H3O+ molecule is measured by
counting the number of oxygen atoms of each type that fall within a cutoff distance (oxygen
atoms are either associated with sulfonate groups (NOs), or associated with water or other
hydronium molecules (NOw)). The cutoffs are chosen to be the first minima following the
primary peak of the pair correlation functions between hydronium oxygen atoms and
oxygen atoms of the other two types. The cutoff value is 0.38 nm in both cases. Every H3O+
molecule may thus be assigned a value of NOs and NOw at every point in time. These values
are computed for every H3O+molecule for every 1 ns over a 100 ns run for eight different
runs. They are then aggregated and normalized into the two-dimensional histograms shown
in Figure E.11. We find that while the total number of oxygens coordinated to H3O+ is
approximately constant with increasing water content (5.5 at λ = 3 and 5.8 at λ =12), the
oxygens are increasingly from water molecules instead of from sulfonate groups.

Figure E.11. Coordination of H3O+ with oxygens from water molecules (NOw) and
sulfonate groups (NOs) for all λ simulated.
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E.7. Cross-Sectional Area Analysis
We compute the local cross-sectional area near each oxygen atom in the aqueous
region in the system. We define this as the minimum cross-sectional area of a plane passing
through a given oxygen atom that falls within the aqueous region. This calculation involves
two basic steps: calculation of the area for a single plane and optimization to select the
plane corresponding to the minimal area.
To compute the cross-sectional area of the aqueous region in each plane, an oxygen
atom is first selected. Regions in the plane are classified as either aqueous or not defined
by the identity of the nearest atom; when an oxygen atom is nearest to a given point in the
plane, the point is classified as part of the aqueous region, otherwise it is not. This approach
corresponds to a K-Nearest Neighbors classification scheme for k=1 or, equivalently,
Voronoi-Dirichlet tessellation of the system with each heavy atom as a centroid.19 For
computational efficiency, only points within a nanometer of the plane are considered when
conducting this classification. The local cross-sectional area is then calculated by a MonteCarlo approach. Points are randomly sampled over the surface of the plane. If a point falls
in an aqueous region, and if it can be connected to the central O atom by a line that remains
in the aqueous region, then it is counted as being part of the "local" cross sectional area
about this central atom. Otherwise, it is not. An example of this is shown in Figure E.12,
where yellow corresponds to non-aqueous regions, blue corresponds to aqueous but nonlocal regions, and green corresponds to aqueous and local regions. The cross-sectional area
is computed using the ratio of randomly sampled points falling in the local cross-sectional
area to the total number of points sampled.
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Figure E.12. Classification of different regions in plane. The large orange circle
corresponds to the central oxygen atom. Green corresponds to oxygen-rich "local"
environment, blue corresponds to the oxygen rich environment not local to central atom,
and yellow corresponds to the non-oxygen region.

The plane that minimizes this cross-sectional area gives a measure of the channelsize of the system at that point, so this minimal plane must be found. A plane passing
through an O atom can be defined by the vector normal to that plane, so the optimization
problem at hand amounts to determining the normal vector to minimize the cross-sectional
area of the plane. Given the stochastic nature of this approach to computing the area, there
can be variation in the exact area obtained, which causes standard gradient based schema
to fail to converge. We thus optimize by means of grid-based sampling: we scan over a
range of normal vectors falling on half of the unit sphere (vectors on opposite halves
correspond to the same plane). Unit vectors are obtained by sampling over a range of
azimuthal angles (φ) and polar angles (θ). The number of values sampled for φ for a given
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value of θ is chosen to be proportional to the circumference of the sphere at that value of θ
to allow for a more uniform scan over the half-sphere. We set the total number of θ values
tested (Nθ) equal to the number of φ values sampled at the equator (Nφ). Figure E.13
illustrates the distribution of normal vectors on the surface of the unit sphere corresponding
to planes tested. The normal vector out of all of these that minimizes the cross-sectional
surface area defines the desired plane, and its calculated area is the minimal, local crosssectional area. This minimization is repeated for every oxygen atom in the system and the
distribution of minimal local areas is reported in Figure 6.7 in the main text.

Figure E.13. Sampling scheme of normal vectors on half of unit sphere.

To test the robustness of this minimization approach we compute the area
distribution for both Nθ = Nφ = 10 and Nθ = Nφ = 30. Additionally, the number of sampled
points used to calculate the area in each of these cases is varied between 5000 and 10000
points, respectively. Figure E.14 displays the two distributions obtained by these coarse
and fine optimization schemes. We find that, though there is variation between the two
approaches that even results in different minimal planes being selected, the distributions
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between the two approaches show minimal variation. This indicates that despite the
stochastic nature of the optimization and differences between selected area vectors for each
set of hyperparameters, the minimal area distribution has converged and gives consistent
results.

Figure E.14. Comparison of optimization schemes for (a) Nθ = Nφ = 10 and Ns = 5000 and
(b) Nθ = Nφ= 30, Ns = 10000. Significant similarity between the two indicates the
optimization method has converged and is sufficiently robust to changes to
hyperparameters.
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E.8. Dynamics from Atomistic MD Simulations

Figure E.15. (a) Mean-squared displacements (MSDs) of H2O, H3O+, and backbone
carbons in p5PhSA from the MD simulations. Mean squared displacements are calculated
using the gmx msd program and diffusion coefficients are obtained from the slope of the
linear regime of the MSD plots at long times. The slope is calculated using values up to
half the simulation length, which corresponds to 500 ns for λ = 3, and 250 ns otherwise.
(b) Diffusion coefficient of water in p5PhSA vs. λ-1. This is the data for DMD
H2 O of p5PhSA
in Figure 6.9c in the main text, before it is normalized by the bulk diffusion coefficient of
water. (c) Normalized experimental proton conductivity diffusion coefficient DExp
and
σ
MD
normalized H2O and H3O+ diffusion from MD simulations, DMD
H2 O and DH3 O+ in p5PhSA.
MD
The data for DExp
σ and DH3 O+ is the same is Figure 6.10 in the main text. This demonstrates

that in the MD simulations, the H3O+ diffuses slower than H2O.
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